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ABSTRACT

Magnesium and calcium phosphate composites are promising materials to create biodegradable
and load-bearing implants for bone regeneration. The present work is focused on the design,
processing and characterization of interpenetrated magnesium / calcium phosphate (Mg/CaP)
composites. Calcium phosphates such as, hydroxyapatite (HA), calcium-deficient HA (CDHA) and
tricalcium phosphate (TCP) were synthetized and used for the production of controlled porous
scaffolds by means of robocasting technique. The final porous preforms with an orthogonal grid
arrangement and internal macro-pores of ~500 um were obtained and sintered at 1100 °C for 5 h.
The Mg/CaP interpenetrated composites were obtained by infiltrating the porous ceramic scaffolds
with pure Mg and Mg alloys containing low amounts of calcium or zinc, i.e. Mg — 0.2 wt.% Ca and
Mg — 1 wt.% Zn. The infiltration was carried out using a here-developed and recently introduced
technique referred to as Current-Assisted Metal Infiltration (CAMI). The CAMI methodology
allowed the infiltration of porous ceramic preforms with a molten metal in less than 15 minutes.
Fast melting and final solidification of the Mg/CaP composites was achieved with the assistance
of pulsed electrical current. The final interpenetrated composites were physicochemically
characterized by means of scanning electron microscopy, X-ray computed micro-tomography,
X-ray diffraction and optical microscopy in order to determine the phase distribution and the
interaction between the materials. In addition, the mechanical resistance under compression, the
degradation rate by different techniques, and the biocompatibility of the produced composites were
evaluated in an attempt to introduce these types of materials as potential degradable biomaterials
for use in the manufacturing of plates and/or screws for orthopaedics.

Abstrakt

Hoi¢ik a kompozity fosforeCnanu vapenatého jsou slibnymi materialy pro biodegradabilni a nosné
implantaty uréené pro regeneraci kosti. PfedloZzena prace je zaméfena na navrh, zpracovani a
charakterizaci vnitin¢ propojenych kompozitti hoi¢iku s fosforecnanem vapenatym (Mg/CaP).
Fosfore¢nany vapenaté jako jsou hydroxyapatit (HA), kalcium-deficitni hydroxyapatit (CDHA) a
fosfore¢nan vapenaty (TCP) byly syntetizovany a pouZity pro vyrobu skafoldi s kontrolovanou
porozitou pomoci metody robocastingu. Byly pfipraveny porézni predlisky s ortogonalni miizkou
a s vnitinimi makropory o velikosti ~500 um, které¢ byly nasledné slinovany za teploty 1100 °C po
dobu 5 hodin. Vnitiné propojené Mg/CaP kompozity byly ptipraveny infiltraci ¢istého hoiéiku a
hot¢ikovych slitin obsahujicich mala mnozstvi vapniku nebo zinku, napiiklad 0,2 hm.% vapniku a
1 hm.% zinku do poréznich keramickych skafoldd. Infiltrace byla provedena pomoci nami
vyvinuté a nové popsané metody zndmé jako “Proudem asistovana slinovaci infiltrace” (z angl.
Current Assisted Metal Infiltration (CAMI)). CAMI metoda umoziiuje do 15 minut infiltrovat
porézni keramicky predlisek roztavenym kovem. Pulzujicim elektrickym proudem bylo dosaZeno
rychlého taveni a nasledného tuhnuti Mg/CaP kompozitl. Fyzikalné-chemické vlastnosti finalnich
vnitiné¢ propojenych kompoziti byly stanoveny pomoci rastrovaci elektronové mikroskopie,
pocitacové mikro-tomografie, rentgenové difrakéni analyzy a optické mikroskopie za ucelem
stanoveni fazové distribuce a interakce mezi materialy. Kromé toho byla u ptipravenych kompozitt
hodnocena jejich mechanickd pevnost v tlaku, degradaéni rychlost pomoci riznych metod a
biokompatibilita spolu s pokusem o uvedeni téchto typli materiali jako potencialnich
degradabilnich biomateriali uréenych pro vyrobu desek a/nebo Sroubii pro ortopedické aplikace.
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1. INTRODUCTION

At the present human life, where the number of inhabitants has increased tremendously
together with the life expectancy, health problems such as degenerative diseases including
accidents that could cause any kind of injuries are promoting the development of useful techniques
and materials capable of solving efficiently and economically the required medical applications.

Bone degenerative problems besides numerous bone fractures, osteoporosis, and other
musculoskeletal problems are affecting millions of people worldwide and they need to be solved
by using permanent or temporary implants. The number of new fractures in 2010 in the EU was
estimated at 3.5 million, expecting a rise of 28% by 2025 [1]. Only in the Czech Republic,
approximately 72,000 fractures were reported in 2010, representing an average economic burden
of € 273 million each year [2]. From this point of view, the design and study of new materials for
orthopaedic applications are of high interest for the industry and the research field, with the aim to

increase the quality of life among afflicted people.

Orthopaedic biomaterials are meant to be implanted in the human body as constituents of
devices that are designed to perform certain biological functions by substituting or repairing

different bone tissues.

Up to now, a wide range of materials have been used for bone repairs. Metallic devices are
usually implanted for load bearing applications while ceramics and polymers are mostly used as
bioactive and degradable materials, respectively. Recently, new types of advanced composites have
appeared because of their unique properties inside the human body, combining bioactivity with

adjusted mechanical behaviour.

Calcium phosphates (CaP’s) such as hydroxyapatite (HA), calcium-deficient
hydroxyapatite (CDHA) and tricalcium phosphates (o-TCP or 3-TCP) are the most commonly used
materials for bioactive implants due to their chemical composition, which is similar to the inorganic
phase of the natural bone. This chemical composition similarity gives them good biocompatibility.
However, the ceramic nature of CaP’s makes them possess low ductility and fragile behaviour,

impeding their application in the treatment of bone defects under load-bearing conditions.

Consequently, metallic and CaP degradable composites are gaining attraction for the

fabrication of osteosynthetic implants [3-5]. The driving force is the effort to increase the
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mechanical strength of CaP’s, without sacrificing its degradability and osteoconductivity [6,7].
Among the different degradable metals available, magnesium (Mg) appears to be one of the best
alternatives due to its good tolerance in the human body, its osteogenic effect, and mechanical
properties similar to the human bone [8-10]. Nevertheless, the degradation rate of pure magnesium
is faster than the bone regenerative capacity and several works are focused on increasing its

corrosion resistance in the biological environment [9,11-14].

Composites and functionally graded materials (FGM’s) consisting of Mg and CaP are a
promising solution to yield bioactive/degradable implants in orthopaedics. Different methods have
been developed to produce Magnesium - Calcium phosphate (Mg/CaP) composites. For example,
common powder metallurgy routes are used to produce particle-reinforced composites, with either
Mg or CaP matrix [4,5,7]. A high-performance type of composites are the interpenetrated materials,
in which both the matrix and the reinforcement form a continuous three-dimensional network in
the material [15]. Most of the interpenetrated composites are fabricated by metal infiltration of the
porous ceramic preforms [16,17], having as a limitation the mechanical strength of the

preform [17].

In the present work, the synthesis and production of functionally interpenetrated materials
based on CaP (such as HA and TCP) and Mg alloys (i.e. Mg-Ca and Mg-Zn) was performed.
Robocasting was used to build cylindrical CaP scaffolds with interconnected pores of ~500 pm.
Later, scaffolds of ~8 mm in diameter and ~10 mm in height were successfully infiltrated by Mg
or Mg alloys to obtain the interpenetrated Mg/CaP composites. At the same time, a new
pressureless infiltration method was explored and implemented in the study. The process referred
to as current-assisted metal infiltration (CAMI) uses the principle of spark plasma sintering [18,19]
to melt magnesium under vacuum, and once it is in the liquid state, infiltrate the bioceramic preform
by gravity and vacuum suction. Finally, the chemical and the structural characterizations of the
interpenetrated composites were performed and their degradation rate and cytotoxicity response
were calculated under simulated physiological conditions as an initial attempt to use these

composites as resorbable biomaterials for orthopaedic applications.



2. LITERATURE REVIEW

2.1. BIOMATERIALS

The term biomaterial is used for any material used to make devices that replace a part of a
living system or function in intimate contact with a living tissue in a safe, reliable, economic, and
physiologically acceptable manner. The use of biomaterials ranges from replacing of a body part
that has lost its function due to disease or trauma, to assisting in healing, improving or correcting
a function or cosmetic abnormalities, and serving as an aid to diagnosis and treatment [20].

During most of the last century, the availability of biomaterials for the production of
implants was based on the materials developed for other industrial applications [20,21].
Nevertheless, the human body represents a multifaceted and dynamic environment; strict
requirements are mandatory on the properties of the biomaterials. Among these requirements, the
biocompatibility and the mechanical properties are the most important aspects that play the leading
role in the material selection during the design and manufacturing of implants [20]. The evolution
of biomaterials - and consequently the so-called tissue engineering - is classified in three different
generations, which are not chronological. The first generation consisted of inert materials that were
available from the industrial applications, and its main requirement was to be completely inert in
order to avoid the corrosion and release of particles or ions after implantation [21]. Later on, during
the second generation, the concept of biocompatibility - associated with toxicity - was introduced
in order to evaluate the biological behaviour of materials when they exhibited some bioactive
response of a certain degradation process (biodegradability) [21,22]. Finally, the third generation
opened up new possibilities for different applications; the novel materials in this stage are designed

to stimulate some specific biological response at the molecular level [22,23].

The improvement in the materials for any kind of application that implies the human body
contact, like in the case of tissue engineering, has been achieved thanks to the development of the
studies of advanced materials which possess similar properties that mimic natural tissues (Figure
1). Advances in research and the technological development in this field continue to progress, based
on the large funds and grants provided by government bodies worldwide and on the rising demand
for medical implants. According to a survey by Markets & Markets 2019, the global biomaterials
market is set to reach almost US $ 207 billion by 2024, having an annual growth rate of 14.5 %,

and representing one of the fastest growing economic sectors [24].
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Figure 1. Schematic representation of material design requirement for biomaterials

2.1.1. DEGRADABLE BIOMATERIALS

The study and design of degradable biomaterials has become one of the most revolutionary
research topics at the forefront of the biomaterials field. This novel class of biomaterials are
expected to be used as implants to fulfil a temporary function. The use of temporary implants is
necessary in clinical cases where the implant covers the function of the surrounding living tissue

while the body regenerates and heals [3,25].

Most of the commercial implants used nowadays are permanent devices. Nevertheless, the
possibility of tailored degradable biomaterials was opened with the evolution of biocompatible
resorbable polymers [3]. The use of degradable implants is important in some orthopaedic and
cardiovascular applications where the implant must be removed after the healing of the damaged
tissue, involving a second surgery, which implies personal, medical, social, and economic
consequences [26]. All such complications can be solved by the development of degradable
biomaterials with controlled degradation rate inside the human body. Therefore, over the last two
decades, significant scientific and industrial efforts have been conducted to develop not only
degradable polymers but also ceramic and metallic materials for implants that can combine the
required mechanical properties and an adequate degradation rate under physiological

conditions [3].

An ideal degradable material should exhibit bioactivity while the degradation rate is in
accordance with the healing time without compromising the mechanical requirements during the
process (Figure 2). In addition, the corrosion/degradation products must be inert — not toxic — in
the human body [3,26]. Thus, depending on the tissue being reabsorbed and regenerated,

degradable polymers, ceramics or even metals can be used. In the case of soft tissues, polymers
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and hydrogels are the best option while for hard tissues — as in orthopaedics — ceramics and metals

are more convenient.
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Figure 2. Schematic time-line for an ideal degradable biomaterial depicting the healing period against the
degradation time [3].

In the case of bone regeneration, avoiding a second surgery to remove implants like plates
or screws is of high importance since it reduces the risk to both the specialist and the patient. In
these terms, degradable polymers are mostly limited to low load-bearing applications due to their
scarce mechanical properties, and in this field the degradable ceramics or metals fulfil this
requirement and extend the possibilities for the development of a next generation of degradable

and bioactive implants for orthopaedics.

The most studied ceramics in orthopaedics are the family of calcium phosphates due to their
very well-known bioactivity, mostly osteoconductivity, which is a product of their chemical
composition, similar to the inorganic phase of bones [27,28]. Additionally, some of the calcium
phosphates possess some reabsorption properties when they are implanted. In the same way, some
silicate-based ceramics known as bioactive glasses — or bioglasses, BGs — are gaining attention due

to their good bioabsorption behaviour [29].

In the case of metals, even though they exhibit excellent mechanical properties with more
ductility response than ceramics, the selection of the material is limited to the biocompatibility
properties. Up to now, most of the metallic implants are based on titanium and stainless steel alloys,

which can be bioactive and chemically stable without exhibiting any degradability properties.
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The term degradable biometal was introduced during the last decade with the aim of
developing new metallic implants that can solve the problem of avoiding a second surgery and
extend the use of temporal implants when they are needed. Nevertheless, the selection of a
degradable biometal is quite restricted to the corrosion products and the degradation mechanism.
Thus, the corrosion route must follow a biocompatible mechanism while assuring the integrity of
the implant for guaranteeing the mechanical reliability during the healing process of the
surrounding tissue. Only a few metals share the mentioned characteristic and the most studied
candidates have until now been magnesium, iron, zinc, and their alloys [3,30].

Despite all the research, more investigation into degradable biomaterials that covers the
best healing rate with appropriate mechanical and biocompatible properties is needed and is of high
industrial and health importance.

2.2. BIOABSORBABLE CALCIUM PHOSPHATES (CAP) AS ORTHOPAEDIC MATERIALS

Calcium phosphates belong to the group of bioactive ceramics that can trigger bone
regeneration due to their chemical composition, similar to the natural bone. These bioceramics
promote osteoinduction and osteoconduction by the interaction with the bone cells that leads to the
reabsorption of these ceramics and their transformation into natural bone [6,28,31]. Osteoinduction
is the process by which osteogenesis — bone regeneration — is induced and it happens during any
type of bone healing [32]. On the other hand, osteoconduction is the process that involves the active
surface of a material that is in contact with the bone tissue and promotes the growing of bone tissue

on the surface of the material, which is a crucial process for the bone implants [33].

Among the most widely used CaP in orthopaedics and dentistry, hydroxyapatite — HA,
Ca10(PO4)s(OH). — is the most renowned one and it has been tested as artificial bone since its
chemical composition and structure are linked to the inorganic phase of the natural bone.
Additionally, HA exhibits one the best biocompatibility responses in long-term implants for
orthopaedics [34,35]. As a result, stoichiometric HA has been widely synthesised by many
chemical routes and used to manufacture diverse forms of implants, as well as a coating on metallic
prostheses with the aim to improve the bioactivity and adhesion of the implant [36—-39]. Synthetic

HA differs in chemical composition from the one in the mineral phase of bone. The inorganic phase
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of bones is composed of apatite crystals arranged like the stoichiometric hydroxyapatite but with
some deficiency of calcium and some ion exchange, containing ions such as sodium, magnesium
and carbonate [40]. Even though the stoichiometric HA differs in composition from the natural
mineral phase of bone, it does not affect the stability and biocompatibility of the synthetic HA
devices; however, the stoichiometric HA has a very low dissolubility when it is implanted,

compared with other CaP compounds.

On the contrary, when stoichiometric HA is deficient in calcium, known as calcium-
deficient hydroxyapatite (CDHA, Cag(HPQ.)(PO4)s(OH)), the compound is more favourable as
bone graft because it has a faster dissolution rate under physiological conditions than stoichiometric
HA has. Additionally, CDHA has a higher osteoconduction, enabling fast bonding and interaction
with the bone cells [41]. The main and easiest route to obtaining CDHA is to hydrate the
monoclinic tricalcium phosphate (a-TCP) in aqueous solution using elevated temperatures below
100 °C [42]. Chemical routes are more complex due to the post-processing of the obtained material
that in most of the cases should be calcined or sintered, which is a process that makes the CDHA
decompose into the low-temperature polymorph of tricalcium phosphate (B-TCP) due to loss of
water between 700 and 800 °C [43].

Another widely used resorbable CaP is the tricalcium phosphate (TCP, Caz(POa).), which
is widely accepted for the fabrication of temporary implants because of its degradation capability
inside the body and its excellent biocompatibility [44,45]. TCP exists in the form of three
crystalline structures: monoclinic or a-TCP, hexagonal or o'-TCP (not stable at room temperature),
and rhombohedral or B-TCP. The monoclinic and hexagonal phases are stable at high temperatures,
above 1150 °C and >1430 °C, respectively [46]. However, an abrupt quenching of the ceramic can
preserve the o-TCP at room temperature as a metastable phase. TCP polymorphs differ
significantly in their crystalline structure, consequently in their density and solubility, which in
turn determine their biological response and clinical applications. Then, a-TCP presents faster
resorption than the B-TCP due to the rapid hydrolysis to CDHA [46]. However, both phases are
now used for clinical applications in orthopaedics and dentistry; currently, B-TCP is one of the
components of several commercial bioceramics and composites while a-TCP is the major

constituent in the fabrication of many calcium phosphate cements [27,46,47].
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The biological response in vivo, as the resorption rate of the CaP, is a function of the
chemical composition, crystallographic structure and microstructural morphology of these
bioceramics. Under physiological conditions, i.e. pH = 7.2 — 7.4, the concentration of dissolved Ca
and P from the here-mentioned CaP’s decreases in the following order: a-TCP > 3-TCP > CDHA
> HA (Table 1) [42,48]. Under these conditions, HA is the most stable phase and therefore it is the

main precipitation product during the biodegradation and mineralization of the CaP bioceramics.

Table 1. Chemical formulas, Ca/P atomic ratios and solubility of some CaP compounds

i Solubility [-log(Ks
Compound Chemical formula olubility [-log(Ks)]

(Ca/P) 25°C 37°C
a-Tricalcium phosphate a-Caz(POa),
0-TCP (15) 25.5 25.5
B -Tricalcium phosphate B-Cas(PO.),
28. 29.
B-TCP (1.5) 8.9 95
Calcium deficient hydroxyapatite Cag(HPO4)(PO.)s(OH) 851 851
CDHA (1.5-1.67) ' '
Hydroxyapatite Caio(PO4)s(OH):
HA (1.67) 116.8 117.2

The biodegradability of CaP’s is considerably improved by increasing the porosity of the
implants or scaffolds. Ideally, micro-porosity should be interconnected to allow the ingrowth of
cells and vascularization [49,50]. In these terms, the desired porosity necessary to promote the
absorption of the bioceramics increases the main drawback of the CaP’s, which are the poor
mechanical properties for load-bearing applications [6,49]. To overcome this drawback, a series of
new composite materials have been synthesized and tested with the aim of obtaining a material of
sufficient mechanical strength for load-bearing applications but still resorbable enough to allow a

full conversion into bone tissue during bone regeneration [49].

2.3. MAGNESIUM AND ITS ALLOYS AS DEGRADABLE BIOMATERIALS FOR ORTHOPAEDIC
APPLICATIONS

Nowadays, metal-based implants are the most common for load-bearing applications, based
on their high mechanical strength and fracture toughness. Nevertheless, bone implants should have

similar mechanical properties to the surrounding bone in order to guarantee bio-functionality
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during the healing process; this is a drawback of the metallic biomaterials used today because most
of them have higher mechanical properties than the bone, which results in a stress-shielding effect
that leads to a low stimulation of the regenerated bone and to causing a decrement in the stability
of the implant and surrounding tissue [7]. Additionally, the materials used for the fabrication of
bone fixation tools are mainly bio-inert, requiring their removal after the bone healing. Therefore,
the spot is now focussed on the development of degradable biomaterials that can replace the actual
bone implants with the aim to avoid a second surgery [3].

Magnesium (Mg) and its alloys have attracted attention as potential degradable materials
for bone regeneration [8,51]. Magnesium is an exceptional lightweight metal with a density of
1.74 g.cm™. The fracture toughness of magnesium is higher in comparison with ceramic
biomaterials such as HA or any other CaP present in the human bones, while the elastic modulus
is close to that of bone, i.e. 40 GPa compared to ~20 GPa, respectively. In addition, Mg is an
important element for many essential metabolisms and is naturally found in all bone tissues, which

makes it biocompatible; moreover, Mg exhibits osteoconductivity properties [8,51,52].

The main drawback of magnesium that limits its medical application is its high corrosion
rate under physiological conditions, losing mechanical integrity before the tissue can be sufficiently
healed. Additionally, the corrosion of Mg and its alloys (Figure 3) produces hydrogen at a fast rate
(Eq. 1), which is not favourable for the host tissue and the healing process [8,51,52].

Mg(s) + ZHZO(aq) = Mg(OH)2 (s) + HZ (® (Eq 1)

H, Bubble
-1 Mg Mg(OH), Mg** + 2e . &
Corrosion | Passivation l ° pH 1
E (V) H,0 + 2¢ — H, +20H
-3 MgH, Mg?' + 20H" — Mg(OH),
} Immunity -, -
T o a®
0 7 14 Mg(OH), Precipitation

pH

Figure 3. Pourbaix (potential-pH) diagram of pure Mg — H»O at 25 °C and schema of corrosion
mechanism [53].
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However, there are some possibilities of tailoring the corrosion rate of Mg under
physiological conditions, most frequently by alloying the Mg with non-toxic elements such as
calcium, manganese and zinc; or using protective coatings, usually based on calcium phosphate
bioceramics [8,11,51,52].

There are three main considerations for the selection of the alloying element in degradable
Mg-alloy biomaterials. The first and most important is the nontoxicity of both the alloying element
and the corrosion products. The second consideration is the influence of the alloying element on
the corrosion behaviour of the alloy. This factor is important when tailoring the degradation rate of
the material; due to the low electrochemical potential of Mg (-2.37 V), if the alloy is not in solid
solution, intermetallic phases are formed that induce the internal galvanic corrosion and decrease
the corrosion resistance of the material. And the last main consideration is the effect on the
mechanical properties of the alloy [11].

For the design of non-toxic Mg alloys, the chemical elements are limited to Ca, Zn, Si, Gd,
Zr, Srand Y [9,11,52,54]. The reasons are mainly based on the mechanical properties, bioactivity
and degradation speed assays. Diverse investigations are focused on binary Mg alloys and their
mechanical and corrosion behaviour. Calcium, zinc and rare-earth metals are the group of the most

frequently studied alloying elements for Mg.

In the case of Mg-Ca alloys, calcium contributes to strengthening the alloy and acts as a
grain-refining agent. Additionally, the Mg.Ca intermetallic improves the creep resistance, but a
large amount of Ca, i.e. >1 wt. %, can promote problems during casting such as hot tearing or
sticking [9]. For its part, Zn contributes to strengthening the Mg alloys when it is present in low
concentrations and is in solid solution, i.e. >2 wt. %. Also, the addition of Zn improves the
castability but in larger amounts it also leads to a brittle behaviour [9]. On the other hand, rare-earth
elements can dissolve within Mg in a wide concentration, creating solid solutions with excellent

mechanical strength and good degradation rate [9,55].

The diverse Mg alloys exhibit a wide range of degradation rates depending on the chemical
composition and processing of the alloys. Moreover, the implantation area plays an important role:
Mg-based materials degrade faster in the presence of higher vascular zones due to the higher fluid
presence. In addition, the mechanical integrity is strongly connected to the final application and

properties of the material [30].
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To date, numerous Mg-based degradable biometals have been tested for bone regeneration
in order to characterize their corrosion and tissue response. Some of the in-vitro degradation rates
and the mechanical properties of binary Mg alloys are summarized in Table 2. Most of the
investigated alloys indicate good biocompatibility after in in-vivo tests, showing that Mg-based
alloys can promote the formation of new bone around the implanted material. Additionally, the
corrosion products reveal high deposition of CaP minerals, showing in some cases good contact
between the implant and the adjacent bone. Nevertheless, the main drawback regarding the gas
cavity presence is still observed in almost all the studies. The hydrogen production is usually higher
in the initial post-implantation period and gradually decreases with time due to surface passivation
of the implant [9,30].

Table 2. Mechanical and corrosion properties of binary Mg alloys for biodegradable implants [11,56].

In vitro corrosion rate (mm-year™)

Alloy Condition M TS Electrochemical test
(MPa)  (MPa) Weight loss :
(solution)

Mg As-cast 21 - - -

Mg As-extruded 90-105 - - -
Mg-1Ca As-cast 40 71.38 - 12.56 (SBF)
Mg-1Al As-cast 40 160 - 2.07 (SBF)
Mg-1Ag As-cast 23.5 116.2 - 8.12 (SBF)
Mg-1In As-cast 36.5 146 - 2.32 (SBF)
Mg-1Mn As-cast 28.5 86.3 - 2.46 (SBF)
Mg-1Si As-cast 79 194 - 6.68 (SBF)
Mg-1Sn As-cast 35 149 - 2.45 (SBF)
Mg-1Y As-cast 26.3 75 - 3.16 (SBF)
Mg-1Zn As-cast 25.5 134 - 1.52 (SBF)
Mg-1Zr As-cast 67.5 172 - 2.20 (SBF)
Mg-0.6Si As-cast 60.11 166.2 - 0.8 (Hanks’ sol.)
Mg-2Sr As-rolled 147.3 213.3 0.37 (Hanks’ sol.) 0.87 (Hanks’ sol.)
Mg-6Zn As-extruded 169.5 279.5 0.07 (SBF) 0.16 (SBF)
Mg-8Y As-cast 156 257 - 2.17 (3.5 wt.% NaCl)

Mg-10Gd As-cast 84.11 131.152 1.75 -
Mg-15Dy As-cast 68.5 125 0.35 (DMEM) -

YS = Yield strength; UTS = Ultimate tensile strength; SBF = Simulated body fluid; DMEM = Dulbecco's
Modified Eagle Medium.
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2.4. ROBOCASTING OF POROUS CONTROLLED SCAFFOLDS

New methodologies for materials fabrication have been developed lately; the additive
manufacturing techniques have brought the ability to build-up three-dimensional structures
following a computed pattern or design. These technologies are very useful for the manufacturing
of porous scaffolds for orthopaedic applications, controlling the pore geometry and degree of
porosity, which is an important factor for the vascularization process once the implants are placed
inside the patient.

Due to its simplicity, robocasting, also known as direct ink writing (DIW), is one of the
widely-used additive manufacturing technologies for the processing of biomaterials structures,
bioceramics in particular. The technique is based on the direct extrusion of an ink, which is mainly
composed of an injectable paste or slurry of the processed material. The process was developed at
Sandia National Laboratories in 1997 as a method for rapid prototyping and free-forming objects
with low-binder slurry following a computed design [57]. In more detail, robocasting is the robotic
deposition of highly concentrated suspensions or pastes, between 50 to 65 vol.% of a powder in a
solvent (typically water) with an organic additive or binder in order to provide good rheological
properties, making it possible to construct a computed-design structure following a desired pattern
on a layer-wise deposition [58,59]. In this process, the best ink must be able to flow through a
nozzle of a desired aperture and have a shape retention capacity after the deposition [60-62]. After
robocasting, the 3D object must be sintered to consolidate the powder particles and burn out the

solvent and binder in order to obtain the final dense structure.

Thus, the robocasting technique allows the design and rapid fabrication of bioceramic
materials in complex 3D shapes without the need for expensive tooling. Calcium phosphate
structures with controlled interconnected porosity for cell seeding and promoting the bone
formation have recently been produced by this technology and tested as bioactive scaffolds (Figure
4). They have shown excellent bioactive properties due to the microstructure and chemical
composition but with the main drawback of poor mechanical properties due to the high porosity of
the bodies, which in turn makes the compression strength vary from 1 MPa up to less than a hundred

mega pascals, which is not suitable for load-bearing applications [63-69].
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BMSCs Bone

Figure 4. Schematic process for the robocasting manufacturing of porous scaffolds for orthopaedic
applications [69].

2.5. LIQUID METAL INFILTRATION: MANUFACTURING OF INTERPENETRATED COMPOSITES

Liquid metal infiltration of ceramic preforms is one of the best-suited fabrication methods
for the production of matrix-based graded composites with a variety of complex shapes having
control over the volume fraction of the embedded materials. The metal infiltration procedure
consists in a liquid-state fabrication method, in which a porous preform (usually as
reinforcement) in the form of ceramic particles, fibres, or interconnected porous bodies, are

embedded in a molten metal, which fills the porosity between the dispersed-phase material [16,17].

The liquid infiltration processes can be classified in two categories: i) spontaneous
infiltration, and ii) forced infiltration. This classification depends on the wettability between the
liguid component and the solid material to be infiltrated. Therefore, when the capillary action of
the solid material acts as the driving force for the infiltration, then the process occurs
spontaneously. On the other hand, when an external force such as gas pressure, mechanical
pressure, squeeze, electromagnetic field, etc. is needed to make the liquid enter the pores of the
solid material, then the process is considered as forced infiltration; this method is usually faster

than spontaneous infiltration and, moreover, with better porosity filling [17,70].

The processing by liquid infiltration depends to a great extent on the chemical and
mechanical properties of the porous body, called preform in the methodology. The depth and speed

of the infiltration are dependent on the permeability coefficient of the preform. The permeability
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coefficient will mainly depend on the processing parameters, the volume fraction of the preform

phase and the open porosity dimensions [17].

The fabrication of interpenetrated materials can be successfully and easily performed by
liquid infiltration. The interpenetrated composites can be classified according to the distribution of
their phases along the volume in: i) randomly distributed or ii) well-ordered interpenetrated
composites. Typically, the open porosity distribution and pore geometry are difficult to control
when using free particles, fibres or porous bodies; however, with additive manufacturing, the
fabrication of patterned pores is not a terminating issue when making of controlled interpenetrated
composites. The advantage of each arrangement is different, depending on the application because
the distribution and proportion of the materials determine the final properties of the interpenetrated

composite [15].

2.5.1. CURRENT-ASSISTED METAL INFILTRATION (CAMI)

The majority of infiltrated composites are made by pressure-assisted processes. The
external pressure can be mechanical as in squeeze infiltration or provided by supplying a gas, which
increases the pressure in the system. Some limitation for the squeeze infiltration is the melting point
of the vessel that contains the molten phase — usually at a high temperature — and which should be
able to contain the liquid while the infiltration takes place. On the other hand, the gas pressure
method normally requires a well-sealed container [17,70]. Additionally, both methods take a
relatively long time and may not be practical in many cases where the molten metals are highly

reactive with the preforms or ambient atmosphere.

A novel and rapid infiltration method has lately been developed and introduced for the
processing of interpenetrated composites where one of the phases, in principle metallic, is melted

to fill the open porosity of a foam, which is usually ceramic-based.

The infiltration technique combines the melting of the metallic phase by an electric current
flux and the mechanical pressing of the system by a set of punches in a graphite die. The design

and arrangement of the initial materials are depicted in Figure 5.

With this approach, it is possible to minimise a potential reaction between the
interpenetrated materials while assuring the filling of the porosity of the preform in a fast process.
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The so-called current-activated, pressure-assisted infiltration was developed in 2013 and proved
for the infiltration of Ti2AlC foams with the 6061 aluminium alloy (AA6061) [71].

(a)

Item  Description

Coupled current / pressure

Graphite punch

Metal or alloy )

Porous ceramic preform

wmoE W -

Graphite die

Figure 5. Schematic of the current-activated pressure-assisted infiltration for the production of
interpenetrated ceramic-metal composites, and pictures of the resulting Ti.AIC foams infiltrated by
aluminium alloy [71].

The current-activated and pressure-assisted infiltration can be seen as an extension of the
spark plasma sintering technique, as the processing happens in a graphite mould under vacuum and
the heating of the powder particles is based on the Joule heating effect generated by the electrical
current circuit. From this extent, the versatility of this infiltration method can be mixed with a
densification or sintering process, achieving a rapid consolidation of green structures and
infiltration of porous structures for the manufacturing of interpenetrated composites. In addition,
the fast processing is able to co-sinter and handle highly reactive ceramic—metal composite systems
[71,72].

Nevertheless, pressure-assisted methods cannot be used extensively for the infiltration of
all preforms due to mechanical compressive resistance limitations, especially in ceramic foams that
are very fragile. The redesign of the current-activated and pressure-assisted process was
accomplished by the development of a new methodology that carries out the infiltration at the same
time that the consolidation of the whole interpenetrated composite is taking place. The technique
has been called current-assisted infiltration sintering (CAIS) [73] because it has the same principle

of heating by the Joule-effect, so the entire process is accomplished in a few minutes.
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A variant of the technique’s name has been introduced, namely current-assisted metal
infiltration (CAMI), considering that the sintering or consolidation happens when the infiltration
process is taking place. The CAMI processing has been tested and proved for the infiltration of
porous calcium-phosphate structures with molten magnesium and zinc. Figure 6 shows the
configuration and design of the graphite die for the CAMI processing and one of the interpenetrated

composites consisting of a decellularized bovine bone with pure Mg [73-75].

Bovine bone Microstructure of
Bovine bone infiltrated with interpenetrated
:m pure Mg composite

- -
Zirconia _ > = Graphite paper
powder i .
L Mg powder
i | 3D-printed
Graphite e B-TCP scaffold
paper ~__ B 50
Lower = o
punch 2 mm

Figure 6. Schematic of the current-assisted metal infiltration arrangement and graphite die design to avoid
the loading of fragile preform, and pictures of Mg/bovine bone before and after metal infiltration.

The design of the graphite container has a reduction area that separates the metallic phase,
which is compressed between the upper punch and the reduction area, and the preform to be
infiltrated, which is located under the reduction area free of any mechanical stress. In this way, the
processing of brittle preforms can be performed while keeping the advantages of the fast

infiltration.

2.6. MAGNESIUM / CALCIUM-PHOSPHATE (Mg/CaP) COMPOSITE BIOMATERIALS

A new generation of degradable biomaterials has been developed due to the need for more
bioactivity and interaction of the implants with the surrounding tissues. Furthermore, the
degradation behaviour is needed to avoid second surgeries, when it is necessary to remove the

implants after the healing process.

In the last decade, the design and study of degradable metals and alloys became the key to

the evolution of materials for biomedical applications. In this extent, magnesium (Mg) and its
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alloys are potential candidates because of their similar strength to the bone tissue and
biocompatibility, compared to the available metallic implants [8,9]. Nevertheless, Mg corrodes
rapidly under physiological conditions, losing its integrity and mechanical properties before the
healing process is finished or sufficient for mechanical loading. Thus, Mg alloys have found their
application in the fabrication of stents for atrophied arteries or for screws that are not under
considerable mechanical stress [3,29]. However, the desire to expand the use of Mg alloys for
load-bearing applications with controlled degradation rate is ongoing.

There are three main possibilities of improving or adjusting the degradation rate of Mg
inside the human body: i) using alloying elements, ii) surface treatment such as oxidation or
protective bioactive coatings, and iii) developing metal matrix composites (MMCSs) [76]. The last
approach offers the advantage that Mg composites can provide a combination of exceptional
characteristics, including controlled degradability and adjustable mechanical properties, which can
appear close to the bone tissue, depending on the chemical composition of the composite,

processing, and distribution of the present phases.

Recent findings have proved that the addition of ceramic reinforcement into Mg or its alloys
can enhance the mechanical properties and corrosion resistance of the composites, compared to the
bare metal. The most promising composites are based on reinforcing bioceramic phases, of
particular interest are the family of calcium phosphates (CaP’s) due to their high bioactive

properties and possible bioresorption [6].

Therefore, extensive investigations have been focussed on composites based on pure Mg or
Mg alloys containing diverse quantities of calcium, zinc, and rare-earth elements in combination
with various CaP’s such as hydroxyapatite (HA), calcium polyphosphate (CPP), B-tricalcium
phosphate (B-TCP) or their combination produced by different manufacturing processes, which
mostly include powder metallurgy, stirred casting method, or liquid infiltration of porous

preforms [77].

A compilation of the state of the art of the Mg/CaP composite biomaterials is presented in
Annex 1; the list reports the mechanical properties, corrosion rate, and biocompatibility registered
for each material investigated until now, comparing them with the natural bone properties and with

some biomaterials used nowadays for the manufacturing of implants.
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2.6.1. MECHANICAL PROPERTIES OF Mg/CaP COMPOSITES

It has been reported that the addition of CaP generally improves the mechanical properties
of Mg alloys. The amount, size, shape, and distribution of the CaP reinforcements in Mg-based
composites are of main importance to the mechanical performance of the final composites. The
CaP ceramics are in general hard and brittle and thus the Mg/CaP composites exhibit higher
compression strength but reduced tensile strength and elongation compared with the pure Mg-
based phases [51]. Mechanical properties of the composites are similar to those of the natural bone
tissues and good enough for orthopaedic applications. In particular, the elastic modulus is much
closer to that of the natural tissue compared to any other metallic implant used nowadays in
orthopaedics, which is an important feature from a biomechanics point of view since it helps to

avoid stress shielding of the bone tissue to be regenerated.

The final mechanical response is highly dependent on the distribution of the ceramic phase
in the composite. An inhomogeneous distribution produces locally different mechanical properties,

resulting in stress concentrators that can fail easily [4].

Diverse studies conclude that a higher concentration of reinforcement particles can increase
the agglomeration of these particles, causing a deterioration of the yield and ultimate strengths,
particularly in tension. This effect is explained by the premise that agglomeration forms pores and

defects in the volume of the composite [77].

Moreover, a higher concentration of free ceramic particles involves less consolidation of
the material volume, decreasing the properties when the particles agglomerate. However, a correct
processing of the Mg/CaP composites can assure a good mixing efficiency, resulting in better
mechanical properties. In general, the tendency shows that Mg/CaP composites containing less
than 20 wt. % homogenously distributed ceramic phase are better due to their more reliable

mechanical properties [51].

In addition, a comparison of the results of the processing of composites reveals that it has a
significant effect on the mechanical properties of the final material. In this respect, the same
Mg-based composites containing HA particles exhibit different mechanical properties when the
material is processed by the casting and extrusion routes [5] or by the powder metallurgy route,

which consists of mechanical mixing and/or extrusion consolidation [78]. The mechanical
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properties of Mg/HA composites processed by powder metallurgy revealed a better mechanical
performance even when they had lower density, which was related to a better homogeneous
distribution of the phases. It has been reported that a post-treatment such as hot extrusion or
subsequent heat treatment might improve the mechanical properties of the composites [79].

Another important factor in the mechanical response of the Mg/CaP composites is related
to the effect of the addition of ceramic particles on the final Mg phase microstructure. Then, the
effect of refining the grain size leads to higher compression strength and better corrosion
resistance [77,80].

Another approach in the fabrication of Mg/CaP composites is the infiltration of ceramic
preforms with molten Mg or its alloys. This process allows a reticulated dispersion of the CaP and
can be varied by the architecture of the initial preform or scaffold. On the one hand, this process
avoids the problem of particle agglomeration. On the other hand, it presents some concerns such
as the chemical decomposition of the CaP promoted by the molten alloy or the limited wettability

of the preforms leading to incomplete infiltration of the cavities [77].

The findings obtained for infiltrated CaP scaffolds with Mg alloys such as the
Mg-Ca/HA-TCP composites revealed higher strength and elongation behaviour in comparison with
the original scaffolds but inferior mechanical properties than in the pure metal phase. These lower
properties can be attributed to the low interfacial bonding strength, which was found to be lower
for the HA-based composites than for the B-TCP ones [81-83].

In general, the majority of the Mg/CaP composites exhibit similar mechanical properties.
Individual variances depend on the chemical composition, concentration and homogeneous

distribution of the phases as a result arising from the material processing.

2.6.2. CORROSION BEHAVIOUR OF Mg/CaP COMPOSITES

The corrosion resistance of Mg/CaP composites could be either better or worse than that of
the pure metal, depending on the distribution of the phases and the consolidation of the ceramic
phase that can act as a channel increasing the surface area for the Mg phase to be corroded.
Moreover, the CaP particles together with the processing route can produce a grain-refining effect

in the Mg phase and thus provide good corrosion resistance [77].
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It was found that HA particles generally stabilise the corrosion rate of Mg alloys, resulting
in a more uniform corrosion attack due to the formation of a uniform passivation layer [4]. The
corrosion of Mg was increased by larger amounts of the ceramic phase because of the increment in
the galvanic coupling as a result of the decomposition of the CaP and the precipitation of
intermetallic phases that act as anodic sites. In addition, an increase in the ceramic amount can lead
to an agglomeration of particles, which is related to lower densification, an effect that reduces the
corrosion behaviour [51,84].

The microstructure and porosity of the composites are the main factors controlling the
corrosion rate. Thus, the addition of alloying elements and the used of manufacturing technologies
that enhance a refined and dense microstructure are highly desirable in order to achieve the best
corrosion resistance of the final composites [5,78].

In the case of interpenetrated Mg/CaP composites, the materials exhibit superior corrosion
resistance due to the metal infiltration method and the distribution of the phases in the composite.
This effect is increased when the bonding between the bioceramic and the metallic phases is good
enough to avoid the channel infiltration of corroding liquid in the Mg matrix [83]. Thus, the porous
B-TCP preforms have better attachment to the Mg alloy phase than the HA ones have, resulting in
better corrosion resistance [81,82]. Nevertheless, all the infiltrated composites tend to form a
protective layer along all the sample surface due to the activity of the CaP, which promotes the

deposition of more calcium- and phosphorus-based compounds [4,77,85].

Special attention must be given to the chemical interaction between the Mg alloys and the
CaP’s in order to keep a good corrosion behaviour. Agglomeration must be avoided and therefore
a high content of ceramic free particles is not suitable. Additionally, possible reaction between the
materials results in the formation of intermetallic phases due to the calcium migration from the

phosphates to the metal phase [86].

In general, the results for the corrosion behaviour of Mg/CaP composites published by
different researchers cannot be properly compared due to the different conditions used in the
evaluation. Consequently, it is not possible to determine what the best materials are. However, it
can be concluded that the addition of CaP’s in Mg-based volumes together with proper processing

techniques for obtaining refined grains improve the corrosion resistance of the composites.
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2.6.3. BIOCOMPATIBILITY OF Mg/CaP COMPOSITES

In terms of the biocompatibility behaviour, the Mg/CaP composites exhibit controversial
responses under in-vitro and in-vivo tests. The failure of the biological response depends greatly
on the fast degradation of the Mg, which increases the pH by the production of magnesium
hydroxide and gaseous H, which in turn promotes an inflammation of the surrounding tissue and
makes the regeneration and healing process more difficult. On the other hand, the chemical
properties of the CaP’s ensure the bioactivity with the bone tissue.

The addition of HA in Mg is of good influence on the cytotoxicity properties by lowering
the pH increment and enhancing the cell viability compared to the bare Mg alloys, tested in contact
with different types of cell [4]. Moreover, all the studies have proved that the presence of CaP
bioceramics promotes the deposition of apatite on the surface of Mg/CaP composites. This apatite
formation increases the cell adhesion and bioactivity response [77,83,86].

Also, the antibacterial property of Mg alloys is a positive effect due to the local pH
increment. This response is highly valuable in clinical applications since infections associated with
the surgical procedures are a serious issue after the implantation of any kind of material in the
human body [51,87].

On the other hand, some other composites have shown some degree of cytotoxicity due to
the corrosion products formed in interaction with simulated body fluid environment after the
immersion tests [88]. Nevertheless, controlled degradation rates allow the human body to reabsorb
these corrosion products. Besides, as the human body is an active environment in motion, the
release of these products can be easily managed and the localised pH changes dealt with in order

to avoid some degree of cytotoxicity in the surrounding tissue.

Based on the contradictory results concerning the biocompatibility of the Mg/CaP
composites, more in vitro and in vivo tests are necessary to provide a complete evaluation of this
kind of degradable biomaterials, and at the same time a uniform methodology must be set to carry

out a reliable in vitro test to predict the possible in vivo behaviour [51].
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2.7 REMARKS ABOUT Mg/CaP COMPOSITES

Degradable composites made up of various Mg alloys and bioceramics with different
fabrication routes have been extensively investigated to assess their viability in biomedical
applications.

Biomaterials with similar characteristics to the bone characteristics are very promising for
hard tissue engineering applications. The CaP ceramics induce adsorption of ions and deposition
of apatite mineral on the surface of the material, stimulating bone regeneration and growth.
However, the degradation rate should match the bone-tissue healing. Therefore, the degradable
biomaterial needs to be tailored according to a given application.

The selection of the chemical composition of composites needs to be based on the
improvement of mechanical and corrosion resistance properties without sacrificing the
biocompatibility of the material. Additionally, the processing of the composites plays an important
role in the resulting properties. Thus different arrangements and techniques for the manufacturing
of Mg/CaP systems and their full evaluation are still needed for the fabrication of degradable and

bioactive devices dedicated to bone healing.
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3. AIMS OF THE THESIS

The doctoral thesis is focused on the design and manufacture of interpenetrated
magnesium/calcium-phosphate composites and their wide characterization as potential degradable
biomaterials for orthopaedics.

In the study, hydroxyapatite, calcium-deficient hydroxyapatite and B-tricalcium phosphate
were used for the fabrication of porous preforms by means of the robocasting technique in order to
obtain a precise control of the porosity degree and pore geometry. The consolidated preforms were
infiltrated with ultra-high pure Mg and Mg-X alloys (X = 0.2 wt. % Ca and 1 wt. % Zn) using the

newly developed current-assisted metal infiltration (CAMI) technique.

The Mg/CaP interpenetrated composites were evaluated in terms of their microstructure,
chemical composition, volumetric phase distribution, mechanical behaviour under compression,

degradation behaviour in simulated physiological conditions, and in vitro test response.

The dissertation aim was accomplished fulfilling specific objectives linked to the following

activities:

= Synthesis and processing of hydroxyapatite and tricalcium phosphate powders via soft
chemistry routes and high-temperature treatment.

= Manufacture of controlled-porous scaffolds (preforms) using the robocasting technique.

= Consolidation and infiltration of bioceramic scaffolds with magnesium and magnesium
alloys (containing calcium and zinc) using the current-assisted metal infiltration technique.

= Characterization of obtained interpenetrated composites using micro-computed
tomography, X-ray diffraction and metallography observation by optical and scanning
electron microscopy techniques.

= Evaluation of the mechanical properties by compression test of the produced Mg/CaP
composites.

= Evaluation of the degradation rates under simulated physiological conditions of the
produced Mg/CaP composites.

= Evaluation of the cytotoxicity response of the produced Mg/CaP composites.
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4. MATERIALS AND METHODS

The dissertation topic aimed at the manufacture and verification of degradable properties
of interpenetrated composites based on Mg alloys and CaP for bone replacement applications was
divided into several activities and tests in the frame of the four subsequent stages: (i) synthesis of
CaP and robocasting of controlled porous scaffolds; (ii) casting and measurement of corrosion
behaviour of Mg alloys containing low amounts of calcium and zinc; (iii) infiltration of CaP
scaffolds with pure Mg or Mg alloys using the CAMI technique; and (iv) physicochemical
characterization of the composites produced and their mechanical and biocompatibility testing.

4.1. SYNTHESIS OF CALCIUM PHOSPHATES (CAP’S) AND PRODUCTION OF CONTROLLED

POROUS SCAFFOLDS
4.1.1. SYNTHESIS OF HA AND B-TCP POWDERS

Hydroxyapatite powder was synthesised through a chemical precipitation reaction between
phosphoric acid and calcium hydroxide at room temperature. This method has been widely studied
for obtaining HA nano-particles [6]. The HA precipitation method has the advantage of being

low-cost due to the cheap precursors and easy preparation process.
The synthesis follows the reaction:
5Ca(OH), + 3H;PO, — Cas(PO,);(OH) + 9H,0 (Eq. 2)

Initial solutions with each reactant in 1 M concentration were mixed by adding dropwise
the phosphoric acid into the calcium hydroxide solution until reaching a pH of ~8.5. The stirring
of the solution was kept for 1 hour to promote the precipitation of the HA particles. The final
product was rinsed with distilled water three times and dried in a furnace at 100 °C for 4 hours in
ambient atmosphere. Finally, the powder was calcined at 800 °C for 2 hours to ensure its

crystallization.

In the same way, the B-TCP powder was synthesised. The synthesis consisted in the
precipitation of CDHA with a Ca/P atomic ratio of close to 1.5, which leads to the stoichiometry
of the tricalcium phosphate. Several conditions were tested varying the Ca/P ratio, calcination

treatment, and pH of the reaction solution.
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The powders obtained were evaluated by X-ray diffraction to assure the chemical purity of

the final product and establish the best conditions of the synthesis.
The reaction followed the chemical equation:
3Ca(OH), + 2H;PO, — Cay(PO4)(HPOy) (OH), (Eq. 3)

The calcium-deficient HA decomposes at temperatures above 800 °C to produce TCP; the
decomposition reaction depends on the nature of the CDHA and can but need not be completed by
the following reaction [46,89]:

Ca10(PO4)6(HPO,) (OH) — (1-x)Cayg(PO,)o(OH),+3Ca (PO,), +xH,01  (Eq. 4)

4.1.2. SYNTHESIS OF CALCIUM-DEFICIENT HYDROXYAPATITE BY HYDRATION OF a-TCP

For the synthesis of calcium-deficient hydroxyapatite (CDHA), tricalcium phosphate in its
monoclinic phase (a-TCP) was produced by the high-temperature solid-state reaction between
calcium carbonate and calcium hydrogen phosphate at 1400 °C. The method consists in mixing the
solid precursor powders and heating them in a furnace at 1400 °C for 2 hours, where a
high-temperature solid-state reaction (Eq. 5) takes place, followed by a rapid cooling down that

maintains the a-TCP polymorph metastable at room temperature.

Using a vibration disc mill (RETSCH, Germany), the product of the solid-state reaction was
milled at 1000 rpm for 100 seconds in order to obtain a fine powder with a particle size below 36

pum, which is the useful size for the preparation of ceramic pastes for robocasting.
The solid reaction for the production of a-TCP is as follows:
CaCO3 + 2C3HPO4 — Ca3 (PO4)2 + Hon + COZT (Eq 5)

The obtained a-TCP powder hydrates under a humid atmosphere (~37 °C) to precipitate

calcium-deficient hydroxyapatite crystals following the chemical reaction:
a-Ca3 (PO4); + Hy0— Cay(PO,)6x(HPO,), (OH), (Eq. 6)

where X is between 0 and 1, keeping an elemental Ca/P ratio of between 1.67 and 1.5.
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4.1.3. DIRECT INK WRITING OF CALCIUM-PHOSPHATE INJECTABLE PASTES

The robocasting technique is a bottom-up computer-controlled fabrication process. A
slurry, made from any kind of material in the shape of refined powder, is printed through a thin tip
of a syringe following a set pattern. The robocasting process allows a good control of the
dimensional tolerances (lower than 100 microns) and ensures almost 100% reproducibility of the
3D-printed structures. In the present work, a set of macro-porous cylindrical structures were
produced by robocasting injectable bioceramics. At the beginning, four different pore sizes were
used to determine a favourable pore size for the infiltration of the scaffolds with pure Mg by the

current-assisted metal infiltration method.

Injectable paste of commercial p-tricalcium phosphate (VWR, Belgium) was obtained by
mixing the commercial powder with a 40 wt. % Pluronic F-127 (Sigma-Aldrich, Germany) solution
in distilled water. A liquid-to-powder ratio was set at 0.6 gram of Pluronic solution per each gram

of commercial B-TCP powder.

The produced paste was introduced in a 3-mL cartridge set (Optimum® syringe barrels,
Nordson EFD, USA) and placed in a 3D-printer (Pastecaster, Fundacié CIM, Spain) for the
robocasting of in silico-designed porous cylinders of 7.5 mm in diameter and 15 mm in height at
atmospheric conditions. The deposition speed of the ceramic pastes was set at 8 mm-min* using a
tapered dispensing tip (SmoothFlow Tapered Tips, Nordson EFD, USA) with a nominal aperture
of 250 pm.

The initial porous cylinders were produced with nominal pore sizes of 150, 350, 500 and
1000 um. The macro-pores were homogenously formed by the distance between adjacent ceramic
strands, which were deposited in an orthogonal pattern, forming a parallel grid that was maintained
through the whole longitudinal axis of the cylinders. The overlapping between layers was set at
5 % of the strand diameter. Once the cylinders were finished, they were dried at room temperature
for 24 h and sintered at 1100 °C for 5 h, with a heating ramp of 2.5 °C-min inside a conventional
furnace (LH30/13, LAC, Czech Republic).

After the molten-Mg infiltration of the different-pore-size cylinders by the CAMI
technique, the effect of the pore size on the infiltration success was evaluated. After this preliminary

analysis, the fabrication of injectable pastes from synthesised HA, B-TCP and o-TCP powders was
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carried out for the robocasting of porous cylindrical scaffolds of 10 mm in diameter and 10 mm in
height with a macro-pore size of ~500 um. The printing parameters and conditions were kept the
same as for the initial scaffolds with the exception of using a tapered tip of a nominal aperture size
of 410 pm.

Finally, for the sintering of HA and B-TCP scaffolds, the sintering conditions were set at
1200 °C for 5 h. For the consolidation (hardening) of CDHA scaffolds, the hydration reaction of
the a-TCP scaffolds was carried out by storing the robocast structures at 37 °C in 100% humid
atmosphere for 24 h and afterwards immersed in distilled water at 37 °C for 6 days to complete the

hydrolysis of the TCP polymorph into calcium-deficient hydroxyapatite (Eg. 6).

All the CaP scaffolds obtained were stored for further infiltration by pure Mg and Mg alloys.
Representative samples were characterized by means of X-ray diffraction (XRD; Rigaku SmartLab
3kW) using Cu Ka radiation, and scanning electron microscopy (SEM; LYRA3 XMU, TESCAN)
on samples coated with a thin carbon layer to prevent charging during observation. Additionally,

the mechanical response in compression was evaluated.

4.2. MANUFACTURING BY INDIRECT CHILL CASTING OF Mg ALLOYS

Ultra-high purity magnesium was used for the production of two degradable Mg alloys by
the indirect chill casting method. Firstly, blocks of pure Mg were melted at 670 °C using an
electronic resistance furnace under a protective atmosphere of Ar with 2 vol. % of SFe. With the
melting of Mg blocks completed, preweighed pellets of calcium (Ca, 1-cm pellets, 99 %, Alfa
Aesar) or zinc (Zn, 1-cm pellets, 99.9 %, Alfa Aesar) were added to the molten Mg at a temperature
of 750 °C in order to produce single-phase binary Mg alloys containing calcium or zinc below their
solubility limits. The liquid system was manually mixed for 5 minutes. After that, the steel crucible
with the molten alloy was taken out of the furnace and cooled down by a slow immersion into a

bucket with water at room temperature.

The nominal calcium content for the Mg-Ca alloys was set at 0.2, 0.4, 0.6 and 0.8. wt. %,
while for the Mg-Zn alloys, the nominal content of zinc was 1, 2 and 3 wt. %. The final ingots were

machined into cylinders of 10 cm in dimeter and 15 cm in length. The cylinders were annealed at
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400 °C for 2 h and hot-extruded at 300 °C to obtain bars of 1 cm in diameter, using a ram speed of

0.6 mm-s™.

The chemical composition of the alloys was determined by X-ray fluorescence (Spectrolab
M9, Spectro-Ametek-Klave, Germany) and in the case of the calcium concentration, it was
estimated by atomic absorption spectroscopy. Finally, the degradation behaviour of as-extruded
alloys was evaluated in simulated body fluid (SBF) at 37 °C. From the results, the best two
corrosion resistant alloys were selected for the infiltration of the CaP scaffolds.

4.3. MAGNESIUM INFILTRATION OF CaP SCAFFOLDS BY CURRENT-ASSISTED METAL

INFILTRATION (CAMI)

Robocast CaP scaffolds were used as preforms for the liquid metal infiltration with pure
Mg, Mg alloy containing 0.2 wt. % of Ca, and Mg alloy with 1 wt. % of Zn (alloys that revealed
the best corrosion resistance) by means of the CAMI technique. Mg and Mg alloys discs of 10 mm

in diameter and 10 mm in height were used for the infiltration of CaP preforms.

The special designed container for CAMI consisted of a graphite die with 50 mm in external
diameter and 50 mm in length. The top part of the die was of an inner diameter of 20 mm, where
the metallic magnesium disc was placed, and the bottom part was of an inner diameter of 10 mm,
where the 3D-printed TCP preform was located prior to the infiltration. For the infiltration, the
bottom aperture of the die was sealed using a graphite lid that works as a stand for the bioceramic
preform and as a bottom punch closing the electrical current circuit of the system. The top part was
sealed with a protruded punch of 20 mm in diameter. Figure 7 shows the design of the CAMI die
and the initial arrangement of the preform and metallic disc for carrying out the infiltration process

for the manufacturing of the interpenetrated Mg/CaP composites.
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Figure 7. Graphite-die design and initial arrangement for the current-assisted metal infiltration technique.

Using the designed die for CAMI in the above-mentioned arrangement, the infiltration of
magnesium was performed in a spark plasma sintering apparatus (SPS, Dr. Sinter 1050, Japan).
The use of zirconia powder or any other type of insulation ceramic was needed to avoid overheating
in the upper part of the Mg-based pellet. The effect of overheating has previously been reported for
the extrusion of metallic samples by the spark plasma extrusion technique [73,90]; this is the reason
of using an insulation layer, which would avoid the melting of the Mg and consequently its pouring

out of the graphite die.

After placing the die set into the equipment, the electrical circuit was closed applying a
constant mechanical load of 1 kN. Due to the design of the die, the mechanical load was supported
by the graphite die and the Mg body and not by the bioceramic preform. Then, the melting of
magnesium and the infiltration were achieved by heating up the die, reaching a temperature of
670 °C with a heating ramp of 100 °C-min’*, followed by one minute of dwell time under vacuum.
The heating was done by applying a direct electrical current discharge at on-off cycles of 12 and 2
ms, respectively. The final cylindrical samples after CAMI had the dimensions of 10 mm in

diameter and of approximately 20 mm in height.

The set of interpenetrated Mg/CaP composite samples is listed in Table 3. The specimens
were machined and prepared for their physicochemical characterization, their mechanical and
degradation behaviour, and their cytotoxicity response, considering for each evaluation an

appropriate number of samples for statistical analyses.
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Table 3. Number of interpenetrated Mg/CaP composites produced by the infiltration of CaP preforms with
pure Mg and Mg alloys.

Infiltrating alloy

Bioceramic preform Pure Mg Mg-0.2%Ca  Mg-1%2Zn

HA 15 15 -
CDHA 15 15 15
B-TCP 15 15 -

4.4. CHARACTERIZATION OF Mg ALLOYS AND Mg/CaP INTERPENETRATED COMPOSITES

The physicochemical characterization of pure alloys and interpenetrated composites was
performed using micro-computed tomography (LCT), optical microscopy (OM), scanning electron
microscopy (SEM) and X-ray diffraction (XRD).

Regarding the mechanical properties of the Mg/CaP composites, the compressive strength,

yield strength and maximum strain of the materials at the uniaxial compression test were measured.

The degradation kinetics were assayed using a conventional simulated body fluid (c-SBF,
composition and preparation procedure are in Annex 3) for 2 weeks at 37 °C. Similarly, the toxicity

of the final materials was analysed during the first 6 days.
4.4.1. PHYSICOCHEMICAL CHARACTERIZATION

For the microstructural analyses and phase composition characterization, samples were

longitudinally cut and ground down, using 4000-grit SiC sandpaper.

The crystalline phase composition identification was carried out by X-ray diffraction (XRD,
Rigaku SmartlLab 3 kW). Scans were performed in the Bragg-Brentano geometry between 10° and
90° with a scan speed of 4 °-min!, using Cu-Ka radiation (A = 0.154 nm) at a voltage of 40 kV and

a current of 30 mA.

The cross sections of the composites and pure metals were prepared for metallographic
observation. A 0.25-um particle-size diamond suspension was used for the ultimate polishing step.
Microstructures were revealed with picral solution (1.5 g of picric acid, 25 mL of ethanol, 5 mL of
acetic acid and 10 mL of distilled water) and observed using optical microscopy (Olympus 8500)
and scanning electron microscopy (SEM; TESCAN Lyra3). The SEM was equipped with an energy

dispersive X-ray (EDX) spectroscope (INCA, Oxford Instruments, UK) for local chemical analysis
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measurements. Representative images were obtained using an electron beam voltage of 5 kV on
coated samples with a thin carbon layer to prevent charging during the SEM observation. In
addition, EDX analysis was performed on different compounds to determine the ratio and
distribution of the elements and track possible atomic diffusion between phases.

The three-dimensional architecture of the preforms was analysed by X-ray micro computed
tomography (u-CT; GE phoenix v|tome|x L 240 system) at a voltage of 80 kV and a current of
150 pA, using an aluminium filter. The isotropic linear voxel size (voxel resolution) of obtained
volume was ~25 um. A tomographic reconstruction of the samples was performed with the GE
phoenix datos|x 2.0 software. Visualization of the samples and structural parameters
quantifications were performed using the VG Studio MAX 3.1 software. A cylindrical region of
interest that fitted the external diameter of each scaffold was created using the Chebyshev
algorithm. A surface determination tool was used to determine the volumetric percentage of each
phase in the composites, i.e. metal, ceramic and air (pores), together with their distribution. Finally,
the efficiency of the infiltration was calculated and expressed in percentage, using (EQ. 7).

% infiltration=— M x 100 (Eq. 7)
Vairt Vet
where, Vair is the volume of pores in the composite after the infiltration and Vet is the volume of

metal in the composite after the infiltration.

The density of all processed materials was evaluated using helium pycnometry
(Micromeritics AccuPyc 11 1340).

4.4.2. MECHANICAL PROPERTIES

The uniaxial compression test was performed at room temperature using a universal testing
machine (Zwick/Roell Z010, USA) at a strain rate of 0.5 mm-min=. The samples were machined
in the shape of cylinders of 8 mm in diameter and 16 mm in length to meet the requirement of the
E8/E8M-09 ASTM standard for ductile materials.

The engineering stress was calculated by dividing the load supported by the sample per the
effective cross section area. Compressive yield strength (oy) was determined at 0.2% of

deformation. Compressive strength (omax) Was established as the maximum stress supported by the

38



sample before the failure, and the Young modulus (E) under compression was determined using
the equation from the least-squares regression line from the steepest portion of the stress-strain
curves. At least four samples of each material were used for testing and a statistical analysis was
done to report the standard deviations.

Finally, the morphology of the samples’ fracture surface was examined by means of SEM
to obtain data for the fracture mechanism analysis.

4.4.3. DEGRADATION ASSESSMENT UNDER SIMULATED PHYSIOLOGICAL CONDITIONS

In order to determine the best alloy in terms of corrosion resistance, the corrosion rate of
the initial Mg alloys was evaluated by 3 different methods: mass loss, H> evolution, and

potentiodynamic measurements.

Small discs of each alloy of 10 mm in diameter and 3 mm in height were used. The discs
were polished down, using #2400 SiC paper, cleaned with isopropanol and dried in air. For all the

analyses, the c-SBF solution at 37 °C was used.

For the mass loss measurements, the discs were immersed in the SBF solution, keeping a
sample surface-to-volume ratio of 9 mm2-mL?. The degradation of each alloy was monitored by
means of immersion tests after 1, 2 and 4 weeks. At each time, the corrosion products formed were
removed by treating the corroded disc with chromic oxide and silver nitrate solution according to
ISO 8407:2009(E). The weight change was registered and the degradation rate (DR) was calculated

in mm-year, using the following equation:

AW
DR = 8.76x10*
STp

(Eq. 8)

where AW is the weight change in grams after the immersion time; S is the surface area of the
sample in cm?, 7 is the immersion time in hours, and p is the bulk density of the specimens

ing-cm?,
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4.4.3.1. Hy EVOLUTION ASSESSMENT

The corrosion rate of Mg alloys and interpenetrated Mg/CaP composites was also
monitored by the hydrogen (H.) evolution test at a constant temperature of 37 °C. A set of three
disc specimens of ~8 mm in diameter and ~3 mm in height of each material were immersed
separately in 500 mL of c-SBF solution. The volume of H>-gas produced by the anodic dissolution
of Mg was monitored during 14 days and the average corrosion rate was calculated using the
following equation:

CRy = 2.088 V; (Eq. 9)

where CR4 is the instantaneous corrosion rate from hydrogen evolution, expressed in mm-year?,
and Vy is the volume of hydrogen gas produced per unit of surface area exposed to the c-SBF per
time of reaction (mL-cm?2.day?). At the end of the degradation test, the specimens were
characterized via SEM and XRD in order to investigate the morphology and composition of the

solid corrosion products.

4.4.3.2. TAFEL EXTRAPOLATION OF POLARIZATION CURVES

A potentiodynamic polarization test for the Mg alloys and composites was conducted in
SBF solution at room temperature. A three-electrode configuration was used, in which the sample
was the working electrode. An Ag/AgCl electrode (3M KCI) was taken as the reference electrode
and a graphite rod as the counter electrode. The polarization scan, performed with a
Potentiostat/Galvanostat device (PGSTAT128N, Autolab), started immediately after the
immersion of the sample from -2.0to -1.0 V vs. Ag/AgCl at a scan rate of 5 mV-s™. In all the cases,
the sample surface exposed to the SBF was 0.2 cm? and the volume of SBF solution was 5 mL.

The corrosion current density (j ) was estimated by the Tafel slope analysis according to the

ASTM G102-89 standard. The corrosion rate from the polarization test (CRp) was calculated
according to Faraday's law (Eq. 10).

cWyj
CRp = A corr (Eq. 10)

nFp
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where W, is the atomic weight of Mg (24.305 g-mol™?), n is the number of exchanged electrons
during the anodic electrochemical reaction, F' is Faraday's constant, p is the density of pure Mg

(1.74 g-cm™ at 20 °C), and c is the conversion factor.

4.5. BIOCOMPATIBILITY EVALUATION

Two different cell culture tests were carried out to evaluate the viability/cytotoxicity of the

degradable materials produced.

The first test was used to classify the proliferation effect that the processed Mg alloys
produced on backbone cells extracted from new-born mice. Discs of 10 mm in diameter and 2 mm
in height of pure Mg, Mg-0.2%Ca, Mg-0.8%Ca, Mg-1%Zn, and Mg-3%2Zn alloys were manually
ground using 1200-grit sandpaper prior to the test. The samples were cleaned with isopropyl
alcohol and washed with phosphate buffer solution (PBS), after which the discs were sterilised
under UV-light for half an hour prior to the assay. The samples were placed inside a 24-well plate
for triplicates and then immersed in Dulbecco’s Modified Eagle's medium (DMEM) supplemented
with foetal bovine serum (FBS, 10 vol. %), penicillin/streptomycin (1 vol. %) and L-glutamine (1
vol. %), in 5 % CO> humidified atmosphere at 37 °C for 2 hours. After that, the mice cells were
seeded directly on the surface of the Mg-based samples in a concentration of 2.5x10* cells per well.
The counting of the cells was carried out using a Burker chamber every 24 h up to 96 h after the

initial time to evaluate the proliferation or cytotoxic effect of the alloys.

After the evaluation and selection of the Mg alloys in terms of their degradation behaviour
and cell viability, the final processed interpenetrated Mg/CaP composites were submitted to an
indirect cell culture test, using SAOS-2 human osteosarcoma cells cultured with Dulbecco's
Modified Eagle's medium (DMEM) supplemented with foetal bovine serum (FBS, 10 vol. %),
penicillin/streptomycin (1 vol. %) and L-glutamine (1 vol. %), ina 5 % CO2 humidified atmosphere
at 37 °C.

The indirect test means that the cells were not on the surface of the material but the material

laid on them and had a direct contact with the cells adhering to the well.

The cells were seeded in 96-well culture plates at a density of 8x10° cells per well and left

to attach for 24 h. After that, the wells were washed twice with PBS solution to remove the non-
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attached cells, and 1 mL of cell culture medium was added. Immediately after that, one sterile
sample (disc of 8 mm in diameter and 2 mm in height) was placed in the centre of each well. Prior
to the study, all samples were sterilized inside ethanol (70 % in water) for 30 minutes and rinsed
three times with PBS solution. Tissue culture-grade polystyrene (TCPS) was used as reference

material.

The viability/cytotoxicity effect was determined by counting the nuclei of cells from
recorded pictures of whole wells and analysed by the ImageJ software during the first 6 days of the

experiment.

In the same way, the cell metabolic activity (LDH) was evaluated after 3 and 6 days of
indirect culture using an XTT cell proliferation assay kit (American Type Culture Collection)
according to the supplier instructions. Prior to the XTT assay, the samples were removed and the

cells were rinsed twice with PBS solution.

The alkaline phosphatase (ALP) activity was determined on the same samples as those used
for the cell metabolic activity test. The cells were thoroughly washed with PBS solution after the
incubation with the XTT salt and lysed using 0.1 vol. % Triton X-100 in PBS for 10 minutes at 37
°C. The ALP activity was evaluated using an ALP colorimetric assay kit (Abcam) following the
supplier instructions. The ALP activity was calculated as the p-nitrophenol (pNP) generated by
samples during the assay per unit of sample volume and minute of reaction. All the experiments

were run in triplicates for statistical analysis.

4.6 STATISTICAL ANALYSIS

All the mechanical tests, degradation behaviour and cytocompatibility assays were
performed for each type of material in triplicates. The statistical differences between the
interpenetrated Mg/CaP composites were determined using the t-student test and the one-way

ANOVA analyses of variance.

The significance was set at p < 0.05. All data from statistical analyses presented in this

thesis are expressed as a mean value with its standard deviation.
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5. RESULTS AND DISCUSSION

5.1 INFILTRATION OF B-TCP SCAFFOLDS WITH MQ: PRELIMINARY CASE STUDY AND

PROOF OF CONCEPT.
5.1.1 PROCESSING OF INITIAL MATERIALS

In order to evaluate the feasibility of the production of interpenetrated degradable
biomaterials, an initial study was carried out using a commercial B-TCP powder and pure Mg. The
ceramic powder was used for the fabrication of porous scaffolds of different nominal pore sizes,
i.e. 150, 350, 500, and 1000 um. These porous scaffolds were infiltrated with pure-Mg pellets via
CAMIL.

The X-ray diffraction pattern from the initial commercial B-TCP powder revealed that the
powder was formerly composed by a mixture of calcium hydrogen phosphate (monetite, CaHPO4)
in a triclinic lattice structure (ICSD: 87196) and synthetic calcium-deficient hydroxyapatite
(CDHA) in its hexagonal phase (ICSD: 082291). The Rietveld analysis showed that the initial
mixture had ~35 wt. % of monetite and the rest was CDHA. The mixture reacted by a solid-state
reaction at high temperature producing B-TCP [91]. The process happened by the decomposition
of CaHPOg into calcium pyrophosphate (CPP, Ca2P207), which later reacted with HA to form
B-TCP. Thus, the heat treatment parameters such as temperature and dwell time are of high
importance in the evolution of the reaction and final composition. In the case study, the final
composition resulted in a mixture of B-TCP (ICSD: 006191) and tetragonal CPP (ICSD: 73712)

with a mass composition of 80.7 % and 19.3 %, respectively.

Figure 8a shows the X-ray diffraction patterns of the commercial VWR powder and its
microstructure by SEM. The powder contains a homogeneous distribution of coarse flake-like HA
particles and small rounded monetite particles that are the reactants to produce B-TCP after the
calcination or sintering at 1100 °C for 5 h (Figure 8b). These sintering conditions were selected

for the consolidation of the initial scaffolds in section 5.1.2.
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Figure 8. XRD pattern and microstructure observation of a) initial B-TCP powder (VWR, Belgium); and
b) XRD after sintering at 1100 °C for 5 h.

5.1.2 ROBOCASTING OF B-TCP SCAFFOLDS WITH DIFFERENT PORE SIZES

The B-TCP cylindrical scaffolds were 3D-printed with grid apertures of 150, 350, 500, and
1000 um. In Figure 9 the whole processing and characteristic samples and their microstructures

from the obtained B-TCP scaffolds are shown before the infiltration process.

All the samples were produced using the same parameters. After sintering at 1100 °C for 5
hours, the pore size of the porous structures was found to be different to the nominal pore size due
to the anisotropic shrinkage of the samples during the drying and the sintering of the green bodies

[57-59]. The final dimensions of the produced B-TCP scaffolds are listed in Table 4.

Figure 9a shows the robocasting process of a B-TCP scaffold with a nominal pore size of
150 um. The resulting cylindrical porous structure and precision of the deposition of the ceramic
strands can be found only for the scaffolds with the smallest and biggest nominal pore sizes, namely
150 um (Figure 9c) and 1000 um (Figure 9d), respectively. After sintering, the pore geometry
remained homogenous and the ceramic strands presented a typical sintered microstructure for

B-TCP (Figure 9e-f), presenting an inner porosity below 5 um with homogeneous distribution

along the whole specimens (Figure 9f).

The accuracy of the final geometry of the scaffolds following an orthogonal pattern depends

highly on the rheology of the ceramic paste that is used for the robocasting and on the sintering
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properties of the material. Therefore, a bigger aperture between the strands that form the pore
channels in the preforms can lead to more imperfections in the final structure due to the absence of
supporting material that keeps the scaffold integrity. The rheology effect on the robocasting has
therefore been widely explained for a varied number of materials. In general, the injectable pastes
are viscoelastic, having a transition from liquid to solid state after a stabilization time [92]; if the
stabilization time does not match with the deposition speed and an upper layer is deposited over
the previous one while this still remains in a semiliquid state, then the overlapping and distortion
of the strands and thus its geometry are affected [57,93]. In addition, a long distance between the
strands, i.e. a big pore aperture, produces a bending effect of the unsupported filament. This effect

was observed in the B-TCP samples with a nominal pore size bigger than 500 um (Figure 9d).

o W -

bt

Figure 9. a) Computed design for the construction of cylindrical scaffolds in blue and real-time sample
printing by means of robocasting process; b) characteristic sample after sintering with a nominal pore size
of 150 um; c) top view of a characteristic scaffold with a 150-um pore size; d) top view of a characteristic
scaffold with a nominal 1000-um pore size; e) SEM image of typical microstructure after the sintering of
B-TCP strands; and f) detailed micrograph of the microstructure and inner porosity of the B-TCP scaffolds.
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Table 4. Nominal dimensions and final dimensions after the sintering of preliminary g-TCP scaffolds.

Nominal pore  Pore size after sintering Nominal diameter / length  Final diameter / length

size 1100°Cfor5h of cylindrical scaffolds of cylindrical scaffolds
[um] [um] [mm] [mm]

150 150 + 16 75/15 6.8+0.2/13.3+0.2
350 345+ 29 75/15 6.6+0.2/126+0.1
500 533 + 32 75/15 6.5+0.4/129+04
1000 935+ 39 751715 6.2+0.2/11.8+0.7

5.1.3 MANUFACTURING AND CHARACTERIZATION OF Mg/B-TCP INTERPENETRATED

COMPOSITES

The infiltration with pure Mg into the porosity of B-TCP preforms was carried out by means
of current-assisted metal infiltration (CAMI). Figure 10 shows a characteristic interpenetrated
Mg/B-TCP composite, with a screw-like appearance. The metallic material covers and infiltrates
the porous ceramic structure. Therefore, by performing cuts along the cylindrical samples, the
infiltrated ceramic structure could be observed. The Mg seemed to successfully infiltrate the
ceramic preforms, even the porosity of the strands and some cracks present in the ceramic scaffolds.
Also, the presence of reactivity between the metallic and the ceramic phases was noticed after the
metallographic sample preparation, especially in the vicinity of the ceramic strands (detail in

Figure 10), revealing that the molten Mg partially dissolved the ceramic preform.

Figure 10. a) Characteristic screw-like specimen obtained from the CAMI of B-TCP preforms with a
nominal pore size of 500 um infiltrated by pure Mg; b) optical microscopy images from a transversal cut
of the cylindrical sample (the metallic and ceramic phases are marked); c) detail of a cylindrical strand
revealing the molten metal infiltration and interaction between the materials.
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The success of the infiltration process was analysed by micro-computed tomography
(u-CT) and differentiating the pixels in the phases present within the composite: ceramic phase
(commercial B-TCP), metallic phase (pure Mg), and remaining porosity (locked air). The results

are shown in Figure 11.

The preservation of the ceramic preforms after the infiltration process was estimated by the
volumetric analysis from the computed reconstruction of the samples in order to highlight the
overload that the ceramic preform undergoes during the CAMI, correlate it with the 3D-printed
perform pore size, and, consequently, determine the minimum pore size suitable for manufacturing

the rest of the Mg/CaP composites.

The successful rate of infiltration was calculated for each set of scaffolds with a different
pore size (Eq. 7). It was found that a larger pore size facilitates the infiltration process, keeping
intact the ceramic preform structure. Samples with a pore size of about 1000 um revealed the
highest degree of infiltration with an average value of 97.5 % of infiltrated volume of the total
macro porosity, followed by the scaffolds with 500-um pores (96.3%). Higher amounts of
remaining porosity were found in samples with a pore size of below 350 um. However, the
reduction in the pore size did not have a significant effect on the degree of infiltration when
comparing the scaffolds with pore sizes of 350 and 150 um, which were infiltrated by ~95.5 % of
their initial porosity (Figure 11).
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Figure 11. Percentage of infiltration degree in Mg/B-TCP composites obtained by CAMI with respect to
the initial pore size of the ceramic preforms. Insets show the characteristic longitudinal cut of the imaging
reconstruction by p-CT, where the ceramic phase is highlighted in yellow and the Mg in green.
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The remaining porosity after the infiltration is mainly connected with the tendency of the
molten Mg not to penetrate and fill the pores of the ceramic preforms, which might also cause their

partial destruction if the molten metal exerts too high a pressure on the porous ceramic preforms.

Figure 12 shows the computed reconstruction and separation of the phases for
representative samples from each tested pore size of the ceramic preforms. The longitudinal-cut
view revealed a clear evidence of the effect of the pore size on the restriction for the molten metal
infiltration. Samples with a small pore size, i.e. below 350 um, tended to obtain more porosity after
CAMI, which is connected to the higher resistance of the ceramic preform to being infiltrated, as
is also stated by Darcy’s law (Eq. 11).

kd,
I (Eq. 11)
wdx
where v is the infiltration rate of the molten metal, k is the permeability, which depends on the
shape and size of the interconnected channels through which the molten metal flows, p is the
viscosity of the molten metal, dp is the change in pressure correlated with the size and shape of the
pores that are in contact with the molten metal, and dx is the infiltration distance.
Interpenetrated

Mg/B-TCP (
composite +air

Remain  Composite
porosity longitudinal
(air) cut

i i Interpenetrated
Remain Composite P
-TCP ;
P porosity  longitudinal Mg/B-TCP B T?P
(air) cut composite + air

150 pm

350 pm

Figure 12. u-CT reconstruction of Mg/B-TCP composites with different nominal pore sizes of the ceramic
preforms. Mg is highlighted in green colour, B-TCP is in yellow, and the remaining porosity is in blue.

Therefore, based on Darcy’s law, the permeability and strength stability of the preforms
during the infiltration process are important factors for a successful infiltration. Small-pore

channels decrease the permeability, incrementing the stress in the preform [17]. This effect was
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observed in the B-TCP porous structures with a small pore size, which presented a higher tendency
to lose their integrity and be destroyed during the infiltration in comparison with the preforms with
a pore size of above 500 pm, i.e. samples in which the ceramic preform structures were generally

preserved and the degree of infiltration was higher.

An X-ray diffraction analysis of the Mg/B-TCP composites revealed the presence of a
chemical reaction between the B-TCP and molten Mg, resulting in the formation of an intermetallic
phase characterized as Mg.Ca (ICSD: 165564). This phase appears when the content of Ca in Mg
is above 1.34 wt. %, i.e. above the solubility limit of Ca in Mg [94]. The precipitation of this
intermetallic phase confirms the degradation of the calcium phosphate promoted by the interaction
with the molten Mg [86,95]. Despite this degradation, the ceramic phase remained chemically
structured as B-TCP (ICSD: 006491). Additionally, the presence of magnesium oxide (MgO, ICSD:
060492) was also registered (Figure 13).

A A Mg

0 B-Cas(POy),
% MgO

¢ Mg,Ca

Intensity [a. u.]

20 angle [degree|

Figure 13. X-ray diffraction pattern from the interpenetrated Mg/p-TCP composite.

The microstructure of the interpenetrated Mg/B-TCP composite pointed out two main
components, i.e. ceramic and metallic phases. The large grains of the metallic phase were visible
after the polishing and etching of the samples (Figure 14a). Detailed observation of the metallic
phase revealed the presence of a eutectic phase, Mg + Mg2Ca (Figure 14b). The Mg.Ca
intermetallic is of brittle nature, tending to spall out and leave the Mg matrix, enhancing the effect

of increasing the porosity in the metallic phase. This was supported by the shape of the pores in the
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metallic section, which were of the same form and alignment as the intermetallic phase, see Figure
14c. The presence of the intermetallic phase corroborates the dissolution of the calcium phosphate
in the interaction with the molten Mg during the infiltration process because it is the only calcium
source in the Mg/B-TCP composite.

The microstructural analysis validated that the ceramic preform was infiltrated by the
molten Mg even in the small pores (below 2 um) that were also present within the ceramic filaments

(Figure 14b), pointing out a good permeability in the composite manufacturing process.

The elemental mapping of the Mg/B-TCP composite in its chemical composition was done
by the energy-dispersive X-ray spectroscopy (Figure 14d). The results confirmed that calcium is
also entering the Mg phase while it forms a eutectic phase with a stoichiometry equivalent to the
Mg.Ca intermetallic phase. In addition, the presence of Mg inside the pores within the ceramic

filaments was also detected and is in accordance with all the previously observed microstructures.

Magnesium

3 i A rr 8 .106 pum | Oxygen Phosphorus
Figure 14. Optical microscopy images of Mg/p-TCP interpenetrated composite. a) General overview;
b) detail of the interface; c) detail of the metallic phase revealing the presence of Mg.Ca intermetallic
phase; d) SEM micrograph and distribution of elements registered by EDX from a characteristic region of
the composite.
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In terms of mechanical properties, the pore size aperture of the initial B-TCP preforms
resulted in a wide response behaviour under the compression test. The average values of the
mechanical properties of the composites and their standard deviations are summarized in Table 5.
The distribution and the amount of the phases in the interpenetrated composites had a clear effect

on the elastic modulus and maximum load bearing values, as well as on their strain, i.e. ductility.

Higher amounts of the ceramic phase strengthen the composite, providing higher load
bearing properties but losing ductility in contrast to the composites with a higher amount of the
metallic phase. This change in mechanical properties is clearly seen when comparing the limits of
the composites studied in this work, for instance when comparing the nominal pore sizes of 150
pm and 1000 pm.

Table 5. Mechanical properties of different interpenetrated Mg/pB-TCP composites based on the initial
nominal pore size of the ceramic preform measured under compressive test.

Pore size Young’s Compressive yield  Ultimate compression Deformation
[um] modulus [GPa] strength [MPa] strength [MPa] [90]
150 9.0+ 5.3 83.9+£10.3 112.8 £16.5 55+£15
350 12.7 134.6 164.3 6.1
500 74+13 130.1+44.4 151.2 +30.8 51+1.2
1000 41+13 59.4 +£384 116.5 + 36.8 9.3+£3.0

The characteristic stress-strain curves for each initial nominal pore size of the ceramic phase

are shown in Figure 15.

Engineering compressive stress

Deformation [%]

Figure 15. Compressive stress-strain curves for different -TCP preforms infiltrated with pure Mg by
CAMI.

o1



The deviation in the mechanical properties of the same type of interpenetrated composites
is considerably wide. This is attributed to the degradation of the ceramic phase provided by the
reaction with the molten Mg during the infiltration, which cannot be precisely controlled.

In the same way, the damage to the ceramic preform is a significant factor for the
mechanical response. Nevertheless and despite the wide range of the mechanical properties, the
interpenetrated Mg/B-TCP composites revealed a suitable mechanical behaviour for load-bearing
applications in orthopaedics compared to the natural bone properties. The best interpenetrated
composite, in terms of the mechanical properties, was found for the -TCP scaffolds with a nominal
pore size between of 350 and 500 um, due to the cavity size, which is big enough for the penetration
of molten magnesium. Moreover, the big cavities produce a bigger apparent density of the ceramic
phase, leading to lighter composites.

Finally, the degradation test was carried out in order to evaluate the feasibility of Mg/CaP
as degradable composites. For this purpose, a saline solution containing 0.9 wt. % of NaCl and
discs obtained from the Mg/p-TCP composite with the 350-pum nominal pore size preform (Figure
16a) were used. The immersion test was monitored during the first 24 h comparing the

interpenetrated composite against pure Mg discs.

After 24 h of immersion, the interpenetrated composites surface was covered with a film
formed by the precipitated salt and corrosion products (Figure 16b); nevertheless, the discs kept

their integrity during the whole corrosion test.

Once the corrosion products were removed (Figure 16c), the estimated degradation rate
(DR) was calculated vs time (Figure 16d). The results showed that the highest DR (135.6 mm-year
1 for pure magnesium presented after 6 h in saline solution, while the highest value for the
interpenetrated composite was found after 3 h (40.8 mm-year™). Afterwards, for both materials,
the corrosion speed decreased, reaching the lowest registered values after 24 h of immersion. This

can be attributed to the formation of the protective layer during the corrosion.

The pure Mg revealed a faster corrosion rate compared to the Mg/B-TCP composite. After
24 h of immersion in saline solution, the degradation rates of Mg and interpenetrated composite

were 52.4 and 12 mm-year, respectively. The reduction in the degradation rate is attributed to the
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formation of a MgOH layer on the surface of the samples, which impairs the corrosion process
[9,94].

The results pointed out that the addition of B-TCP in a composite with Mg helps to increase
the corrosion resistance of the material by decreasing the exposed surface area of Mg. Even though
the combination of B-TCP with Mg significantly reduced the corrosion rate, the calculated values
were found to be outside the requirements for a functional treatment of bone defects (at least 3
months of stability) [3,96].

Nevertheless, the degradation resistance is better if the precipitation of the Mg.Ca
intermetallic is avoided. This is in accordance with the premise that the presence of an intermetallic
enhances the galvanic corrosion with the pure Mg phase. Thus, intermetallic phases increase the
degradation speed but at the same time promote the formation of a protective layer composed by
the corrosion products [94,97].

Based on the results obtained from the initial Mg/B-TCP composites, effort was made to
avoid the precipitation of an intermetallic phase in further produced interpenetrated materials in

order to improve their corrosion resistance.
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Figure 16. a) Initial Mg/B-TCP discs for the degradation test; b) Mg/B-TCP disc after 24 h of immersion
in saline solution; ¢c) Mg/B-TCP sample after the removal of corrosion products; d) corrosion rates over
time for pure magnesium and Mg/B-TCP composite.
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5.2. MANUFACTURING AND TESTING OF INTERPENETRATED Mg/CaP SYSTEMS.

The selection of an optimal pore size in the interpenetrated Mg/CaP composites is quite
challenging because of a compromise between the mechanical properties and the degradation rate.
A small pore size in the ceramic preform results in better mechanical responses based on the higher
amount of the ceramic phase, but it is unfavourable for the infiltration process and the integrity of
the preform during the manufacturing. On the other hand, a larger pore size increases the area
where the metallic phase is in contact with a corrosion medium, accelerating the degradation of the

composite material.

The apparent discrepancy between the properties that could be considered as a drawback is
in fact an advantage in the design of suitable degradable devices with tailored mechanical
properties. The tailored properties can be achieved with the distribution of the phases in the
produced interpenetrated composites, which leads to different mechanical and degradation

behaviour.

From the results of the previous case study and based on the mechanical testing of the
interpenetrated Mg/B-TCP composites, it was concluded that a pore size in the range of
350-500 um is the most suitable for the manufacturing of load-bearing composites in orthopaedics.
Further Mg/CaP composites were therefore produced using preforms with a nominal pore size of

500 um after the robocasting to ensure optimal mechanical properties and controlled degradability.

The investigated CaP compounds in the following sections are: HA, CDHA and B-TCP.
The aim was to compare the behaviour of interpenetrated composites using pure Mg, Mg

containing 0.2 wt. % of Ca and containing 1 wt. % of Zn.

5.2.1 SYNTHESIS AND MANUFACTURING OF CAP SCAFFOLDS.

The syntheses of HA and B-TCP powders were performed through wet chemistry by the
chemical precipitation method. The reaction was between phosphoric acid (HzPOa4) and calcium
hydroxide (Ca(OH).). Stoichiometric HA and B-TCP keep the Ca/P atomic ratio of 1.67 and 1.5,
respectively. Thus, solutions of each of the reactants in 1-M concentration were mixed dropwise

in an aqueous solution, keeping the respective Ca/P ratios in order to obtain the desired compound.
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The solubility of CaP’s in water solution depends on the pH and temperature. The solubility
of HA is the lowest in a pH of above 4.2 at room temperature. Thus, HA is the most
thermodynamically stable phase in a Ca2*/P* solution, and, consequently, it precipitates in all cases
where these two ions are present [98]. From this, it is clear that B-TCP cannot be directly obtained
by the chemical precipitation method but it can be transformed from a non-stoichiometric apatite,
whose Ca/P ratio is between 1.33 and 1.65. The transformation occurs as a decomposition process,
which is promoted by heat treatment, usually below 900 °C [99]. Therefore, wet chemistry can be
used for the synthesis of stoichiometric HA and calcium-deficient HA (CDHA), where the latter

can be calcined to produce 3-TCP.

The synthesis of HA was performed successfully by mixing the reactants solutions and
keeping the pH between 8 and 9, to ensure the precipitation of stoichiometric HA. Nevertheless,
the synthesis of B-TCP was more complicated due to the presence of remaining HA or CDHA in
the final product. Figure 17 shows the X-ray diffraction patterns of different synthesis conditions
for B-TCP. The presence of CDHA is highlighted by the red section in the figure, where the main
diffraction peak of the HA is listed.
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Figure 17. XRD of the different conditions for the synthesis of B-TCP. Variables are the Ca/P ratio, pH
value and calcination temperature.
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Table 6 summarizes the most characteristic synthesis trajectories for various Ca/P molar
ratios, pH values and post-heat-treatments and reports the chemical composition estimated by the
Rietveld analysis from the X-ray diffractogram of the final products after the calcination.
Generally, the acidic pH favoured the precipitation of CDHA, which can later transform to -TCP

after a high-temperature treatment.

Theoretically, the transformation of CDHA by thermal decomposition can result in the
entire formation of B-TCP but the efficiency of the reaction is linked to the nature of the initial
CDHA,; thus, for different Ca/P molar ratios and different thermal treatments of the obtained

CDHA powders, the decomposition process has different decomposition kinetics.

The results prove that at a Ca/P ratio of 1.3, calcium pyrophosphate (CPP, CazP.O7) was
produced, showing a lack of calcium ions for the formation or either CDHA or B-TCP. In contrast,
a Ca/P ratio of 1.4 and pH between 6 and 8.5 (which is suitable for stoichiometric HA production)
are the best conditions for the synthesis of nearly pure B-TCP phase after the calcination at a

temperature of 1100 °C.

Table 6. Synthesis conditions for HA and B-TCP powders produced by chemical precipitation and after
3-hour heat treatment, with the resulting chemical composition by the Rietveld analysis.

. CaP HA B-TCP CDHA CaP,0r
Synthesis ratio pH  Heat treatment [Wt %] [wt %] [wt %] [wt %]
HA 1.67 ~85 800 °C 100 % - - -

B-TCP 1.5 ~85 800 °C - 80.0% 20.0% -
B-TCP 1.4 ~85 800 °C - 85.0% 15.0% -
B-TCP 1.4 ~85 1100 °C - 93.6 % 6.4 % -
B-TCP 1.4 ~6.0 1100 °C - 99.5 % 0.5% -
B-TCP 1.35 ~6.0 1100 °C - 813% 18.7% -
B-TCP 1.3 ~6.0 1100 °C - 95.0 % - 5.0%

For the consolidation of preforms made of HA and 3-TCP, a sintering process can be carried
out; this is not the case for CDHA-based structures because a thermal treatment decomposes this

type of calcium phosphate before the consolidation process is completed.

Therefore, the selected route for the processing of consolidated CDHA structures had to be

different. Thus, a solid-state reaction between monetite (calcium hydrogen phosphate, CaHPO4)
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and calcium carbonate (CaCOs3) was carried out at a temperature of 1400 °C in order to produce a-
TCP powder, which was used for the robocasting of the preforms. Later, the a-TCP structures were
hydrated to obtain consolidated CDHA preforms by inter-crossing a fine plate microstructure
[100]. This hydration of a-TCP has been described in detail and used for bone cements [42,46,101].

For the synthesis of a-TCP, the initial reactants were mixed and sieved together to ensure a
homogeneous distribution and a particle size of below 36 pum. During the reaction (Eq. 5), monetite
decomposes into calcium pyrophosphate (Ca.P.O7) above 400 °C [102], which reacts with the
calcium oxide formed by the decomposition of CaCOs (between 700 — 900 °C). This solid state
reaction produces B-TCP at temperatures above 800 °C [91,102]. The monoclinic phase of the TCP
(o-TCP) is formed and stable above 1300 °C and it can be kept at room temperature by a fast
quenching step [46].

Figure 18 shows the XRD patterns from all the CaP powders used for the robocasting of

porous preforms. Comparing the patterns with the standards and performing the Rietveld analysis:

= The initial HA powder was confirmed to be stoichiometric HA (ICSD: 087670).

= A minor trace of CDHA (0.5 wt.%) was detected in the B-TCP powder and the rest was
found to be pure rhombohedral TCP (B-TCP, ICSD: 006191).

= The initial a-TCP powder did not reveal any presence of secondary phases except single
monoclinic TCP (a-TCP, ICSD: 000923).

= CDHA was formed by the hydrolysis of a-TCP; the composition analysis revealed the
presence of two phases, mainly CDHA with 83.7 wt. % (ICSD: 087669) and unreacted
monoclinic TCP (16.3 wt. %). The diffraction pattern indicated higher crystallinity for the
a-TCP compared with the CDHA. This is judged from the shape of the diffraction peaks,
which is connected to either non-crystalline microstructure or extremely small crystal size
in the CDHA phase.
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Figure 18. X-ray diffraction patterns of synthesised CaP powders. Arrow indicates the transformation of
a-TCP after the hydrolysis.

After the synthesis of the CaP ceramics, the powders were used for the fabrication of porous
cylinders following an orthogonal pattern with a designed pore size of 500 um, which was changed

after the consolidation of the structures, especially in the case of the structures that were sintered

(HA and B-TCP).

Table 7 summarizes the change in the dimensions of the cylinders after the consolidation.
The HA and B-TCP scaffolds suffered a considerable shrinkage of about 20.0 % on their external
dimensions, while the CDHA scaffolds had almost zero shrinkage due to the mechanism of
hardening during the hydrolysis of a-TCP (Eq. 6), which does not include the closing of porosity

but a chemical transformation with a change in the microstructure.
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The final pore size in the sintered scaffolds was about 300 pum, which is still favourable for
the mechanical properties, as was proved in the previously studied Mg/B-TCP interpenetrated
composites. In the case of the CDHA preforms, the pore size slightly changed to a mean size of
483 um because no sintering process was needed for the consolidation.

Table 7. Final dimensions and shrinkage of bioceramic scaffolds after consolidation processing.

Final dimensions B-TCP HA CDHA
Diameter [mm] 8.1+0.2 7.7+£04 79+0.3
Height [mm] 11.5+03 109+05 11.8+0.3
Pore size [um] 311 + 27 281 +37 483+ 36

Shrinkage
Diameter [%] 19.0 23.0 1.3
Height [%] 23.3 27.3 1.6
Pore size [%)] 37.8 43.8 3.4

Figure 19 shows the macrographs of the final scaffolds obtained by the robocasting of the
HA and CDHA pastes in order to compare the difference between the sintering and the
consolidation by hydrolysis. Both processing routes maintained the designed orthogonal pattern
along the whole of the cylindrical samples. Nevertheless, a clear and considerable shrinkage in the
pore aperture (~40.0 %) was found in the case of the sintered preforms from HA and B-TCP
(Figure 19a-c), compared to the CHDA scaffolds (Figure 19d-f).

Finally, the robocast samples were stored for their further analysis and CAMI infiltration

process until the casting and selection of the best corrosion resistant Mg alloy were tested.
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Figure 19. Characteristic consolidated HA (a-c) and CDHA (d-f) scaffolds obtained by the robocasting of

ceramic pastes.
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5.2.2. CASTING OF PURE Mg, Mg-Ca AND Mg-Zn ALLOYS AND THEIR DEGRADATION

BEHAVIOUR IN SIMULATED BODY FLUID.

Mg containing Ca and Zn as alloying elements have previously been studied as degradable
implants, with the finding that high concentrations of Ca or Zn above the solubility limit lead to
the precipitation of intermetallic phases, which are detrimental due to the significant decrease in
the corrosion resistance of the alloys [9]. Therefore, a proper selection of binary Mg alloys
containing low amounts of alloying element, i.e. calcium or zinc, were prepared by casting and
subsequently studied for their corrosion behaviour and preliminary cytotoxicity for further

manufacturing of interpenetrated composites with CaP compounds by CAMI.

The maximum solubility limit of Ca in Mg is up to 1.34 wt. % at 516.6 °C. By contrast, Zn
is slightly more soluble, with a maximum content of 6.2 wt. % at 340 °C [103]. Nevertheless, the
maximum solubility drops to ~0.8 wt. % for calcium and 1.6 wt. % for zinc at 25 °C in the
equilibrium state [104]. These alloying elements are present in the human body and are essential

for many metabolic processes and bone regeneration [104-106].

The manufactured Mg alloys are listed in Table 8 together with their elemental composition
measured by X-ray fluorescence and atomic absorption spectroscopy for a precise estimation of
calcium concentration. The chemical composition was in accordance with the nominal composition
in the case of the main alloying element, exhibiting only a slight variance in the content of calcium
and zinc. The presence of an ultra-low content of other elements that are inherent to the Mg

extraction process was also detected and listed in Table 8.

Table 8. Elemental analysis (wt. %) of pure Mg and processed binary Mg alloys.

Nominal
composition
Pure Mg 0.0009 0.0028 0.0015 0.0015 0.0020 <0.01 0.012 0.034 0.00004
Mg-0.2%Ca 0.26 0.0032 0.0016 0.0011 0.0026 <0.01 0.028 0.033 0.00004
Mg-0.4%Ca 0.45 0.0029 0.0018 0.0011 0.0021 0.011 0.028 0.039 0.00004
Mg-0.6%Ca 0.61 0.0027 0.0014 0.0011 0.0022 0.012 0.027 0.036 0.00004
Mg-0.8%Ca 0.81 0.0027 0.0015 0.0020 0.0024 0.012 0.029 0.036 0.00004
Mg-1%Zn 0.0008 0.98 0.0016 0.0017 0.0016 <0.01 0.012 0.035 0.00004
Mg-2%Zn 0.0010 1.93 0.0016 0.0012 0.0017 <0.01 0.012 0.034 0.00004
Mg-3%Zn 0.0009 291 0.0015 0.0049 0.0018 <0.01 0.012 0.033 0.00004

Ca Zn Cu Ni Fe Al Si Mn Be
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The X-ray diffraction patterns for the pure Mg and Mg alloys containing low amounts of
Ca or Zn are shown in Figure 20a. The typical reflection peaks of the Mg alloys were the same as

those for pure magnesium, revealing no formation of intermetallic phases.

Preferential crystal plane orientation in the Mg alloys was found as a consequence of the
extrusion and metallographic preparation. Nevertheless, the same diffraction pattern was detected
in all Mg alloys. The presence of MgO was detected only in the case of the Mg-0.4%Ca alloy,
showing a proper way of processing Mg alloys by means of indirect chill casting and extrusion

treatment.

Characteristic microstructures of a pure Mg source and the cast Mg alloys are shown in
Figure 20. The alloying elements together with the extrusion process led to a grain refinement
effect of the alloys, which is desirable for the improvement of the mechanical properties and
corrosion resistance of the Mg alloys [107].

The different concentrations of the alloying elements (Ca or Zn) did not have a significant
effect on the microstructure of the final alloys. In the case of the Zn addition, the incremental
concentration of doping element resulted in a slight coarsening of the Mg alloys microstructure,
reporting a mean grain size of about 20 um (Figure 20b). On the other hand, the addition of calcium
led to a finer polyhedral grain formation, with an average grain size of 10 um (Figure 20c).

Microstructure images of all the processed Mg alloys after the extrusion are located in Annex 2.

It has been reported that increasing the amount of Ca in Mg-Ca alloys has a positive
influence on the grain refinement effect [108] but in our processed alloys this effect was not clearly

apparent.
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Figure 20. (a) Characteristic X-ray diffraction patterns of the initial pure Mg and Mg alloys.
Representative optical micrographs of (b) Mg-1%2Zn, (c) Mg-0.2%Ca, and (d) pure Mg.

There is a big variation in the methods for estimating the degradation rate of metals. The
most precise seems to be the calculation of the direct mass loss after the metallic samples have
been exposed to a corrosion medium and once the corrosion products have been removed.
Nevertheless, in the case of Mg and its alloys, the removal of corrosion products involves the use
of chromium solutions [109], which are toxic and detrimental to the environment. Based on this,
different techniques have been developed to provide the basic information on the degradation speed
of Mg alloys; among them, H2 evolution assessment is one of the most widely used. In this study,
both the mentioned techniques were used and compared to estimate the corrosion rate of the cast

Mg alloys.

Generally, the corrosion rate values obtained by the mass loss technique are lower than
those calculated by H> evolution assessment. This fact is based on the drawbacks that the H»
evolution test exhibits; for example, some H bubbles remain attached to the container and are not
taken into account in the volumetric measurement. Additionally, the biggest drawback is based on
the assumption of the same and constant surface area throughout the whole test [110]. However,

63



this technique reveals good reproducibility and it also monitors the amount of H2-gas production
during the Mg degradation. The production of H»-gas is an important issue that must be controlled
in Mg-based implants in order to prevent the formation of subcutaneous bubbles and the later
rejection of the implants once they are inside the human body [111,112].

In Table 9 are listed the values calculated for all the studied alloys by using both corrosion
rate estimation techniques. The difference in estimated values as obtained by the two techniques is
evident but the tendency is analogous: lower corrosion resistance when the amount of the alloying

element increases.

Table 9. Comparison of degradation rate calculated by the mass loss and H; evolution techniques for pure
Mg and its alloys containing a low amount of Ca or Zn after 2 weeks in SBF at 37 °C.

Corrosion rate [mm-year™]

Mg alloy Mass loss H, evolution
Pure Mg = 4.24 +0.29
Mg-0.2%Ca  1.27 +£0.01 2.88£0.18
Mg-0.4%Ca  1.42 +£0.03 3.02£0.23
Mg-0.6%Ca  1.38 +£0.04 2.80+£0.32
Mg-0.8%Ca  1.43+0.04 2.80 £ 0.16
Mg-1%2Zn 1.78 £0.04 1.90 + 0.66
Mg-2%2Zn 1.89 +£0.01 3.25+0.59
Mg-3%2Zn 2.21+<0.01 2.90+0.24

Figure 21 shows the evolution of the corrosion rates of the Mg alloys processed by the
mass loss technigque. The corrosion rates of the Mg alloys are lower than the one reported for pure
Mg after 15 days of immersion in simulated body fluid at 37 °C (~3 mm-year?) [113], which is one

of the main objectives for the final application as bone regeneration implants.

For the set of Mg-Ca alloys, as the presence of Ca was increased, the degradation rate was
increasing. Only the Mg alloy with 0.4 wt. % of calcium revealed at the beginning of the corrosion
test a big difference, pointing to a faster corrosion rate than in the case of other produced alloys
with higher calcium concentrations. This effect is attributed to the presence of MgO, which was
found by XRD only in this alloy. By the end of the assay (after 28 days), the corrosion rate was
registered to be slightly incremental in correlation with the calcium concentration; however, all the

Mg-Ca alloys were of a similar corrosion rate of about 1.0 mm-year.
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On the other hand, the addition of Zn to Mg revealed a different corrosion resistance
behaviour compared with Mg-Ca alloys. The results from the mass loss technique pointed to faster
degradation rates, with a clear difference in the addition of Zn, thus, the corrosion rate for the alloy
with 3 wt. % of Zn was found to be much faster than for those with a lower Zn concentration.
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Figure 21. Degradation rates of Mg alloys through the first month of immersion in SBF at 37 °C,
calculated by the mass loss technique.

The Hz evolution test (Figure 22) revealed the same behaviour for all the Mg alloys
compared with the pure Mg, but the degradation rate of the processed alloys was faster during the
first hours of immersion, which is also linked to higher H.-gas production, which could be a
disadvantage for in-vivo tests. Nevertheless, if this effect is known, a pre-corrosion process could
be performed for the Mg-based biomaterials before they are implanted, to avoid fast gas generation

by the formation of a protective corrosion layer.

In contrast to the mass loss technique for the Mg-Ca alloys, in the hydrogen evolution test,
the Mg with 0.4 wt. % of Ca showed better corrosion resistance through all the assay. The Mg-Ca
alloys reached a stationary state reporting almost the same corrosion rate (~2.8 mm-year™) except
the Mg-0.4%Ca, which exhibited a faster corrosion rate (Table 9). This effect can be related either
to the error of the assumption of a constant surface area along the whole experiment or to the
presence of MgO detected by XRD in this alloy (Annex 2), which could help to decrease the
corrosion rate as a protective layer at the beginning of the assay. This could also explain why this

alloy produced the lowest amount of Hz during the first days of immersion in SBF solution.
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Figure 22. Degradation rate assessment of Mg alloys along 2 weeks of immersion in SBF solution at
37 °C by the H; evolution assay.

The results from the Mg-Zn alloys were in accordance with the mass loss technique, the
increasing concentration of Zn was detrimental to the corrosion resistance. In contrast to the Mg-Ca
alloys, the Mg-Zn alloys produced lower H; at the initial test state. However, at the end, the
corrosion rate of the Mg-Zn alloys was higher than that of the Mg-Ca alloys.

The reactive behaviour of the Mg-Ca alloys can be attributed to the refinement of the
microstructure, which is much finer than that of the Mg-Zn alloys. A finer microstructure has the
disadvantage of being more reactive due to the higher concentration of grain boundaries. On the
other hand, a finer grain-size microstructure corrodes faster at the beginning of the test and forms
a protective layer that adheres better than when the grain size is bigger, which was the case of the

Mg-Zn alloys. This corrosion layer acts as an inhibitor against further degradation in an SBF
solution.

At the end of the H> evolution assay, Mg containing 1 wt. % of Zn provided the lowest
corrosion rate of the three Mg-Zn alloys studied. In general, these Mg-Zn alloys reported a better
corrosion resistance than pure Mg did.

The fast corrosion of pure Mg was attributed to the large grains in its microstructure due to

the absence of indirect chill casting and extrusion processing compared with the rest of the alloys
(Figure 20d).
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A preliminary cytocompatibility test was carried out for selected Mg alloys based on the
concentration of alloying elements. Thus, the lowest and the highest concentration of the alloying
element were chosen for comparison between Mg alloys and pure Mg. Figure 23 shows the cell
proliferation for the bare alloys in contact with spine-bone cells from new-born mice along the first
4 days of the cytocompatibility test. All the metals exhibited good proliferation tendency at the
beginning of the test, reaching the limit of cell proliferation after the third day.
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Figure 23. Cell proliferation assay of produced Mg alloys containing the lowest and the highest
concentration of alloying elements compared with pure Mg.

The addition of Zn in Mg alloys increased the cytocompatibility response compared with
the Mg-Ca alloys. It can be inferred from the tendency that the increment of the alloying element,
i.e. Ca or Zn, has a positive effect on proliferation. This can also be attributed to the corrosion
behaviour, in which, as discussed before, pure Mg exhibited a faster corrosion mechanism than the

processed alloys did. Moreover, the production of H, impairs the proliferation of the cells.

The best alloy in terms of compatibility was Mg-3%2zn, followed by Mg-1%Zn and
Mg-0.2%Ca in the last place with only a slightly better response than that of pure Mg.

The positive proliferation of the cells in contact with the degradable Mg-based materials

defined the possibility of these alloys being used as degradable biocompatible materials.
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The processing of composites combining Mg alloys with bioactive calcium phosphates has
a beneficial effect on the mechanical, corrosive and cytocompatible properties [76,77,114].
Therefore, the production of composites with a predesigned architecture can improve the final

required properties.

In summary, based on the corrosion and cell proliferation tests, the alloys containing the
lowest alloying element (Mg-0.2%Ca and Mg-1%2n) revealed the best properties. Thus and

therefore, these alloys were selected for the manufacturing of interpenetrated Mg-CaP composites.
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5.2.3. DEVELOPMENT OF INTERPENETRATED Mg/CaP COMPOSITES

After the robocasting of CaP scaffolds and the casting and evaluation of corrosion resistance
behaviour of the Mg alloys, the infiltration of the ceramic preforms was carried out by the CAMI
technique in the same way as previously described for the Mg/B-TCP composites in section 5.1.
The combination of materials for the manufacturing of interpenetrated Mg/CaP composites studied
below is listed in Table 3.

Different infiltration temperatures were tried to investigate the optimal temperature for the
infiltration process. The optimal temperature was found at 670 °C. Figure 24 shows the heating
ramp for the infiltration of the ceramic preforms by the processed Mg-based pellets. The time of
the infiltration was set to be fast enough for the whole process (~15 min), with the aim of avoiding

the chemical decomposition of the CaP in contact with molten Mg.
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Figure 24. Current-assisted metal infiltration (CAMI) temperature ramp processing.

An initial heating ramp was set at below 500 °C as a pre-heating step. Above this
temperature, a slower ramp was programmed in order to avoid an overheating on the melting point
of Mg and its alloys, which usually caused liquid Mg to escape from the graphite mould. A
controlled solidification by cooling down to 630 °C was used to avoid grain coarsening and to
eliminate infiltration defects inherent to the molten Mg casting, which detrimentally affect the final

properties of the processed materials [115].
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After the infiltration, some samples were longitudinally cut to analyse the quality of the
infiltration. A visual examination of the longitudinally cut samples revealed a reaction between the
ceramic phases and molten Mg. A change in the colour of the ceramic strands indicated that their
interaction with Mg triggers the reduction reaction of the calcium phosphates preforms, as
previously observed in the Mg/B-TCP composites, forming MgO and decomposing the phosphate
group. This reaction has been registered before in the literature but it has not been described
extensively; investigations presumed the formation of gaseous phosphorous compounds such as
phosphine (PH3) [116]. For example, the reaction between pure Mg and B-TCP has been recorded
between 520 °C and 534 °C as an exothermic phenomenon involving an abrupt mass loss due to

the decomposition of the CaP ceramic [95].

The decomposition of CaP can follow different mechanisms, all of them initiated by the
Mg-assisted reduction of the phosphate groups (PO4+*) to form magnesium oxide plus either a solid
phosphorous allotrope (P4) or phosphide compounds such as calcium phosphide (CasP2) or

magnesium phosphide (MgsP>).

The phosphide group is highly reactive with air forming phosphine gas (highly toxic) and
leaving the cation in a metallic phase instead. In any case, metallic calcium is free to be dissolved
in the Mg-based phase, promoting the precipitation of Mg2Ca intermetallic due to the excessive
amount of Mg compared with the calcium amount. Moreover, the presence of any phosphorous-
based compound was accompanied by a smell of garlic, which is characteristic of the P4 oxidation

or the formation of PHs.

The garlic smell in the final composites was especially pronounced in the samples produced
with the synthesised B-TCP preforms. After their visual examination, these interpenetrated
composites were discarded from further characterization due to the presence of many imperfections
in the final infiltrated samples, which apart from having a change in the colour of the ceramic phase
(yellowish) presented a strong garlic smell even a long period after the infiltration. This effect was
not so evident for the composites formed with HA and CDHA preforms, which were the final

interpenetrated Mg/CaP composites fully characterized in this study.

The high reactivity of the B-TCP preforms compared with the other calcium phosphates
could have been increased by the presence of CDHA phase with a smooth surface that allowed the

wettability of chemically reactive CDHA scaffolds with molten Mg. Also, the reactivity of the
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synthetic B-TCP obtained by the soft chemistry methodology is different to the commercial B-TCP
powder (VWR) used in section 5.1, which in fact also revealed some degree of degradation of the
ceramic phase and precipitation of the Mg.Ca intermetallic (Figure 14).

The low reactivity of the HA and CDHA preforms can mostly be caused by two reasons:
firstly because of the chemical stability of the compounds, and secondly, due to the microstructure
of the preforms.

From this point of view, stoichiometric HA is more chemically stable but even though in
some samples a visual reacted surface was observed by a change in colour (from initial bluish to
sort of reddish). In addition, the garlic smell was not strong over the time and the integrity of the
HA preforms was generally maintained after the infiltration by molten Mg.

In the case of the CDHA structures, the chemical reactivity could be higher than with
stoichiometric HA due to calcium deficiency. Nevertheless, the microstructure of the samples
played an important role. The roughness in the topography of the preforms reduced the wettability
by molten Mg, and the reaction was therefore not as severe as in the case of the B-TCP preforms,

which had a smooth surface after the sintering processing.

The microstructure of the initial HA and CDHA scaffolds was observed by SEM and shown
for comparison in Figure 25a-b. A close-up in the microstructure of the strands that form the
preforms revealed that the HA bodies consisted of equiaxial polyhedral grains with some remaining
intergranular porosity (Figure 25a). On the other hand, the surface of the CDHA preforms
consisted of radiating plate-like crystals (Figure 25d), which is characteristic after the hydrolysis
of a-TCP ceramics [100,117]. This microstructure provides higher roughness compared with the
sintered HA and it is most likely the reason for the low interaction of the CDHA preforms with the

molten metal phase during the infiltration.
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Figure 25. Characteristic HA and CDHA structures. (a) Top view of a HA preform after sintering and its
characteristic microstructure; (b) Top view of a CDHA preform and its characteristic microstructure;
(c) pore-size distribution of the HA and CDHA preforms measured by mercury intrusion porosimetry.

Additionally, the pore size distribution measured by mercury intrusion porosimetry verified
the difference in size of the pore channels between the sintered HA and the CDHA preforms. The
HA scaffolds had a wider pore size distribution, which was ranging between 10-150 pum, which are
values related to the size of the macro-pore channels. The CDHA preforms did not reveal any
presence of big pores because the main pore channels were above the detection limit of the
technique (~483 um, Table 7). In terms of the porosity below 1 pm, the sintered HA samples
presented a mean pore diameter of 30-75 nm; the CDHA scaffolds, due to their fine microstructure,

possessed smaller pore diameters of about ~30 nm (Figure 25c¢).

The physicochemical properties of the CaP preforms allowed understanding their reactive
interaction with molten Mg-based alloys. The interpenetrated composites manufactured by CAMI,
except from the B-TCP-based composites, were utilized for further full characterization as potential

degradable biomaterials.
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In order to evaluate the quality of the infiltration, random samples of the diverse Mg/CaP
interpenetrated composites were taken for the u-CT reconstruction. Representative images of the
Mg/CaP composites from pu-CT are shown in Figure 26.

The high quality of the infiltration by CAMI was evident in all the cases. In general, a total

porosity of about 1 vol. % was registered in the interpenetrated composites.

In addition, via the image reconstruction analysis it was found that the integrity of the
scaffolds after the infiltration was preserved in the majority of the ceramic preforms. HA scaffolds
showed more fractures after CAMI than the CHDA-based composites did. The reasons for this
behaviour could be the smaller diameter of the HA strands together with the smaller pores, which
need a higher pressure to be infiltrated, as stated by Darcy’s law (Eq. 11). Therefore, as the stress
is increased during the HA preform infiltration, the thin ceramic strands cannot bear the load that
the molten Mg exerts on them and consequently they fracture, destroying the sintered preform.

Transversal Longitudinal Infiltration Phase volume %

Interpenetrated composite " .
P P section section degree [%] ceramic metallic

Mg/HA 99.8 431 56.7

Mg/CDHA 98.0 56.4 41.6

Mg-0.2%Ca/HA 99.4 45.3 54.1

Mg-0.2%Ca/CDHA 99.2 54.6 445

Mg-1%2Zn/CDHA 97.9 48.4 49.6
I Pores Ceramic preform mmmmmmm Mg-based alloy

Figure 26. Image reconstruction made from X-ray computed tomography of Mg/CaP interpenetrated
composites together with the calculated degree of infiltration and volumetric phase percent.
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The p-CT reconstruction also allowed estimating the volumetric percentage of the ceramic
and metallic phases. Due to the dissimilarity in the dimensions of the ceramic preforms, the sintered
HA preforms constituted around 44 vol. % of the total volume of the interpenetrated composites,
while the hydrolysed CDHA structures constituted around 53 vol. % of the composites. This
represents a difference in the metallic/ceramic phase ratio of ~0.4 between the HA-based and
CDHA-based interpenetrated composites. This difference in the metallic/ceramic phase ratio
certainly caused a variance in the performance of the Mg/CaP interpenetrated composites and it is
discussed in the further sections.

No sign of a new phase formation from the reaction between the ceramic and molten metal
phases was distinguished either in the reconstructed p-CT images or in X-ray diffraction analyses
of the interpenetrated composites (Figure 27). Only characteristic peaks from the HA-based
preforms and Mg-based alloys were detected.

For the composites formed with HA scaffolds, the peak intensity of the ceramic phase was
found to be higher than that for the CDHA-based composites. This is due to the metallic phase
covering the presence of the nanostructured ceramic preform, which as observed previously

exhibited a non-crystalline pattern (see Figure 18d).

Important information obtained from the XRD patterns was that during the cooling of the
molten Mg, this crystallises in a preferable plane orientation with an excessive grain growth, as
previously observed in the Mg/B-TCP composites (Figure 14a). This consolidation process
probably happens due to the different temperatures of the liquid metal and the ceramic preform and

it is most likely different for each sample.

The grain growth of the metallic phase is detrimental for the corrosion and mechanical
behaviour of the composites and it represents an issue that should be studied in more detail to
discover the way to prevent it in order to homogenise the microstructure of further metal-ceramic

interpenetrated composites.
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Figure 27. Representative X-ray diffraction patterns of interpenetrated Mg-based composites (Mg/HA and
Mg/CDHA).

The image analyses of the internal Mg/CaP by SEM were carried out by slicing samples of
the interpenetrated composites. Figure 28 shows typical micrographs of infiltrated HA preforms
with pure Mg and Mg-0.2%Ca alloy. The HA structure revealed a high amount of internal porosity
that was not infiltrated by the molten metal during the CAMI process. Cracks were also observed
in the HA phase; the origin of these cracks is unknown but it is mostly attributed to the CAMI

process.

Only a small interface of ~200 nm in thickness between HA and Mg was found in the

HA-based interpenetrated composites, confirming a good connection between both phases.
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Mg-0.2%Ca

Mg-0.2%Ca

Figure 28. Representative micrographs of typical interpenetrated HA-based composites with pure Mg and
Mg-0.2%Ca alloy: a) Mg/HA,; b) detail of the interface between HA and Mg; ¢) Mg-0.2%Ca/HA
composite; d) detail of the interface between Mg-0.2%Ca and HA.

In general, the infiltration of HA preforms was successful in the macro-channels of the
ceramic structures, but because of the brittle nature of the ceramic filaments, many cracks and

disintegration of the HA bodies were found within the HA-based composites.

In the case of the CDHA preforms, the interpenetrated composites were more homogeneous
along the samples, and the ceramic phase kept its integrity through the molten Mg infiltration,

probably due to the bigger strands’ diameter.

As in the case of HA structures, the remaining inner porosity was present in the robocast
CDHA preforms after their infiltration (Figure 29). Comparing the produced interface in the
Mg/CaP composites, the reactivity of the CDHA with molten Mg was found to be higher than in
the case of HA. The thickness of the interface between the Mg-based phases and the CDHA was
in the range of several hundred nanometres up to ~10 um, which was larger than the interface
formed with the stoichiometric HA composites. This interaction of the molten Mg with the CDHA
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preforms occurred despite the flake-like microstructure, which was previously assumed to decrease
the wettability, reducing the interaction between the phases.

Mg-0.2%Ca Mg-1%Zn

Z

Interface

Mg-1%7Zn

Figure 29. Representative micrographs of the interpenetrated CDHA-based composites with different Mg
alloys: a) Mg/CDHA, b) detail of the interface between CDHA and pure Mg; ¢) Mg-0.2%Ca/CDHA;
d) detail of the interface between CDHA and Mg-0.2%Ca alloy; €) Mg-1%Zn/CDHA, and f) detail of the
interface between CDHA and Mg-1%2Zn alloy.

The Mg alloy containing 1 wt.% of Zn showed a smaller interface area (Figure 29f)
compared with the other metallic counterparts. Contradictorily, this alloy provided better
infiltration, filling the inner porosity of the CDHA filaments and sometimes causing the origin of
cracks within the ceramic structure (Figure 29e-f). This showed a preferable affinity between the
calcium phosphate phase and the Mg when the latter is doped with zinc. Molten Mg-Zn alloys have
been reported to be excellent reductants in the case of CO2 and graphene oxide to produce graphene,

which is a property that could also enhance the CaP decomposition [118,119].

In the majority of the produced samples, the molten metal was unable to penetrate the inner
open porosity within the filaments during the infiltration process. However, in some cases, where

the pore size was considerably big or when cracks were present in the preform, the liquid Mg
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infiltrated and filled those defects. In addition, the infiltration produced an interface connection
between the ceramic and the metallic phases, which is related to the affinity between the calcium
phosphates and the Mg-based alloys. This contact between the phases could be beneficial or
detrimental to the final properties, especially the mechanical properties of the composites. The
good bonding between the former materials of the composite relies on the chemical composition,

microstructure and thickness of the interface [120].

The connection between the ceramic and the metallic phase (interface) is highlighted for
the Mg-0.2%Ca/CDHA composite in Figure 30a; an SEM micrograph together with a lineal EDX
analysis showed that the interface between the Mg and the calcium phosphates consisted
predominantly of magnesium and oxygen. Also, as a product of the chemical affinity between the
CaP and molten Mg, the reduction of the CaP phase led to the dissolution of calcium ions into the
Mg matrix, causing the precipitation of the eutectic Mg-Mg.Ca phase (Figure 30b-c).

Mg,Ca
Mg-0.2%Ca ] intermetallic

Mg alloy
solid solution

Figure 30. a) Lineal EDX chemical analysis on typical interface between Mg and CaP, interface from
Mg/CDHA composite. b) Representative micrograph of interpenetrated composites, Mg-0.2%Ca/HA with
Mg.Ca intermetallic phase; and c) detail of Mg phase pointing out the Mg.Ca intermetallic as a product of

the reduction of the CaP phase.

A local EDX chemical analysis was performed in order to compare the chemical
composition at the interface of all the interpenetrated composites. The results are summarized in
atomic percent in Table 10 and demonstrate the highest concentration of Mg and O. Based on the
stoichiometry, the presence of MgO was presumed to be the predominant compound with some

small concentration of calcium and phosphorus (most likely from the adjacent CaP structure).
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Table 10. Chemical composition of the interface in the Mg/CaP composites

Mg/CaP interpenetrated Mg O Ca P
composite [at. %] [at. %] [at. %] [at. %]
Mg/HA 56.1 31.3 6.1 5.8
Mg/CDHA 40.7 53.7 2.7 2.2
Mg-0.2% Ca/HA 32.2 40.8 17.2 9.1
Mg-0.2%Ca/CDHA 38.0 57.3 2.0 2.2
Mg-1%Zn/CDHA 44.9 45.0 4.4 4.8

The formation of MgO in the interface between Mg and the CaP was found to be beneficial
to the mechanical properties of highly dense Mg/B-TCP composites. This is because the high
hardness of MgO provides good load transfer from the Mg phase to the produced MgO layer [95].
However, the MgO interface formed in the interpenetrated Mg/CaP composites was not of high
densification, it rather exhibited some porosity that was linked to the topography of the HA and
CDHA preforms. This interface would play an important role in the mechanical and degradation

properties of the composites, as discussed in the following sections.

5.2.3.1. MECHANICAL BEHAVIOUR OF INTERPENETRATED MG/CAP COMPOSITES

A comparison of the mechanical behaviour of the Mg/CaP interpenetrated composites is
summarized in Table 11. The mechanical properties were calculated from the stress-strain curves
obtained by compression test.

Table 11. Compressive mechanical properties of interpenetrated Mg/CaP composites and the initial
constituents.

Yield strength  Ultimate compression  Deformation

Material

[MPa] strength, omax [MPa] [%0]

HA preform 0.2+0.04 2.3+0.6 <0.2

CDHA preform 2.8+0.25 6.4+1.6 <0.8
Mg 154.3+31.2 172.9+23.8 27.1+4.7
Mg-0.2%Ca 164.8+6.4 358.5+2.4 19.5+0.1
Mg-1%2Zn 103.6+2.8 336.1+7.4 17.7+£0.3
Mg/HA 70.945.9 116.2+9.1 13.74£3.1
Mg-0.2%Ca/HA  60.8+8.6 119.2+32.7 14.8+1.6
Mg/CDHA 25.243.3 48.246.6 16.4+1.0
Mg-0.2%Ca/CDHA 23.9+1.8 40.945.1 13.9+1.5
Mg-1%2Zn/CDHA 23.3£3.4 49.6+7.8 15.5+£1.0
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The initial porous preforms presented a very low mechanical strength, which is typical for
porous ceramics. This low mechanical strength is the main limitation for ceramic scaffolds in load-
bearing applications [121-123].

CDHA preforms exhibited a better mechanical performance than the HA preforms did. Two
main reasons can be taken into account as potential explanation: first, the difference in
microstructure after the consolidation process [124], and second and most significant, the
difference in the dimensions of strands that form the cylindrical preforms [125]. Thus, in the case
of the sintered HA preforms, the final dimensions were shorter than those of the CDHA bodies.
Consequently, the CDHA preforms possessed a larger loading surface-area based on the bigger
diameter of the strands, and slightly bigger general dimensions (Table 4).

In the case of the initial magnesium alloys, the mechanical behaviour was similar for all of
the samples. The Mg alloys had an average ultimate compressive strength of about 350 MPa, which
was twice that of the pure Mg (~173 MPa).

On the other hand, the yield strength revealed a larger difference between the alloys. Mg
containing 1 wt. % of Zn showed a rapid plastic deformation compared with its counterpart alloy

containing 0.2 wt. % of Ca, which exhibited a larger region of elastic deformation.

The different mechanical response of the Mg-based phases is attributed to the refining
effect. The doping of Mg with a low content of Ca produced a greater grain-refining effect than the
addition of Zn below their solid solubility limit (Annex 2). This explains the higher mechanical

properties of the Mg-Ca and Mg-Zn alloys over the pure Mg.

Reports about the toughening of Mg alloys as an effect of grain refinement are widely
known for Ca and Zn. Even above the solid solubility limit, both Ca and Zn increase the strength
and the elongation rate of Mg alloys not only by the grain refinement, but also by the formation of
intermetallic phases that are distributed along the grain boundaries [126]. The concentration of Ca
above 1 wt.% in Mg-Ca alloys is detrimental due to the precipitation of a high volume fraction of
Mg2Ca intermetallic particles that deteriorate the ductility and the corrosion resistance [127,128].
On the other hand, a Zn addition of up to 5 wt.% has a beneficial effect on the mechanical

performance of the alloy by promoting the precipitation of MgZn intermetallic phases. Moreover,
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a network-like distribution of the intermetallic phases deteriorates the deformation rate and

promotes galvanic corrosion [129].

Beside the alloying effect of the Mg alloys, the plastic deformation during the extrusion
processing enhanced the mechanical properties of the alloys. It is well known that the mechanical
properties of most metals can be improved by refining the microstructure, and Mg is not an
exception as regards this microstructural effect.

Several approaches to the grain refinement in Mg and its alloys, e.g. plastic deformation,
heat treatment, and forming processing, have pointed out the benefits of a fine-grain microstructure
to the mechanical properties of processed Mg-based materials [130-132]. This grain refinement by
extrusion was yet another cause of the final microstructure of the cast and extruded initial Mg alloys
(Annex 2).

The interpenetrated Mg/CaP composites exhibited mechanical properties whose values
were between those of their former constituents (Figure 31). This behaviour reflects the good
connection between the metallic and ceramic phases, which was previously assumed to be due to
the formation of the MgO interface and previously registered for sintered Mg/B-TCP conventional

composites [95].

Generally and despite the fact that the mechanical properties of the initial preforms showed
contradictory behaviour, the composites constituted of HA preforms exhibited a higher strength
than the CDHA-based composites did. Thus, Mg/HA and Mg-0.2%Ca/HA interpenetrated
composites exhibited almost twice the yield and compressive strength of their CDHA-based

counterparts (Figure 31 and Table 11).

Interestingly, the set of the HA-based interpenetrated composites were of analogous
mechanical properties. The same behaviour was observed for the set of composites based on CDHA
(Figure 31). This behaviour indicates that the mechanical properties of the Mg/CaP interpenetrated
composites are predominantly governed by the ceramic phase nature and they are not significantly
dependent on the Mg composition. This minor dependence of the metallic phase on the mechanical
properties can be attributed to the coarse microstructure of this phase, which was found to be similar

for all the Mg/CaP composites.

81



As stated by the Hall-Petch relation, a coarse grain microstructure is detrimental to strength
[133], as could be observed for the pure Mg source compared with the cast and extruded alloys.
However, the Mg-1%2Zn alloy revealed a lower yield strength than pure Mg did. This effect has not
been reported before, on the contrary, the addition of Zn tends to increase the tensile yield strength
of the Mg-Zn alloys. Despite this low-limit elastic stress, the Mg-1%2Zn alloy revealed a substantial
higher compressive strength compared to the pure Mg (~336 MPa vs ~173 MPa), similar to what
was reported previously by other authors [129,134].
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Figure 31. Room-temperature compressive mechanical properties of initial Mg alloys, CaP preforms, and
processed interpenetrated composites: a) yield strength and b) ultimate compressive strength.

Despite the low strength of the Mg/CaP interpenetrated composites compared with the
initial metallic phases, the infiltration of the ceramic scaffolds with Mg-based alloys provided a
significant increase in the mechanical response of the infiltrated preforms and gave engineering
strain to the composites (Figure 32). While the consolidated CaP preforms supported a maximum
load of a few mega pascals, i.e. ~2 MPa for HA, and ~8 MPa for CDHA (Figure 32d), the
interpenetrated composites bore an engineering stress of ~50 MPa for the case of the CDHA-based
composites and ~120 MPa for the HA-based ones (Figure 32a-c).

An inspection of the fracture surface of the Mg/CaP composites (Figure 32e-f) revealed
that the failure mechanism relies on the chemical composition and/or morphology of the CaP
preforms. For HA-based composites, the failure of the specimens occurred due to the cracking of
the ceramic preform (Figure 32e), whereas the CDHA-based composites failed predominantly by

cleavage at the MgO interface between the ceramic preform and the metallic phase (Figure 32f).
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This behaviour exposed the role of the interface thickness in the Mg/CaP composites; therefore,
when the interface is large enough, the mechanical properties are more compromised by the
fragility of the non-consolidated MgO layer than by the strength of the consolidated CaP phase.
From this point of view, it can be inferred that the bonding force of the MgO interface is weak and
thus the chemical reaction between Mg and CaP must be avoided.
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Figure 32. Representative stress-strain curves at room temperature from the compression test of
interpenetrated Mg/CaP composites: a) Pure Mg-based composites; b) Mg-0.2%Ca-based composites;
¢) Mg-1%Zn-based composites; d) initial CaP preforms; e) typical fracture surface in HA-based
composites; and f) typical fracture surface in CDHA-based composites.
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In general, the best-interpenetrated composites in terms of the mechanical properties were
the Mg-0.2%Ca/HA, followed by the Mg/HA composite. These two interpenetrated composites
exhibited an average deformation of ~14% and a compressive strength of almost 120 MPa. These
results are in agreement with other Mg/CaP composites manufactured by liquid infiltration reported
in the literature, where the values of compressive strength varied between ~70-150 MPa and

possessed an average deformation between 8-18 % [81-83,135-137].

Unfortunately, the mechanical properties of the interpenetrated Mg/CaP composites are
below the prime requirements for cortical bone replacement (see Figure 31 and Annex 1).
However, the ductility and compressive strength exhibited in these structured composites makes
them still suitable in orthopaedic applications where the load does not exceed the mechanical limits
of the specimens, for example in the manufacture of plates and/or screws for bone fixation of
non-weight-bearing zones or articulations, or in cancellous bone regeneration [138,139].
Additionally, one of the main advantages of these Mg/CaP composites over the current materials
for bone fixation, such as stainless steel, is not only the degradation but also the very low stress-

shielding effect that this light composites can provide during bone healing [140].

There are two main factors that can help to increase the mechanical properties of the
interpenetrated Mg/CaP composites: (1) optimization of the CAMI process to reduce the chemical

reaction between Mg and the CaP; and (2) control of a fine microstructure in the metallic phase.

Moreover, another advantage of the interpenetrated composites is that the mechanical
response can be tailored by the geometrical distribution of the phases and/or by varying the
metallic/ceramic phase ratio as it was observed between the Mg/HA and Mg/CDHA composites.
This statement is one of the highlights of this type of composites presented here because in
difference to other produced composites where the reinforcement phase is randomly distributed, in
the architecture developed here, the phases are arranged in a predesigned pattern that can be
modified to produce different distributions with diverse mechanical properties. All of this has been
modelled for fibre- reinforced composites demonstrating that beside the volume fraction, the shape
and orientation of the reinforcements and the distribution of them play a substantial role in the

mechanical properties of composites [141,142].
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5.2.3.1. CORROSION RESISTANCE OF INTERPENETRATED MG/CAP COMPOSITES

In terms of corrosion resistance, the produced interpenetrated composites exhibited
different behaviour. The measurements of the degradation rate were carried out primarily by H.
evolution and potentiodynamic polarization measurements. The selection of these two techniques
was based on the fact that monitoring the produced hydrogen during the corrosion of Mg offers a
reliable corrosion profile over a prolonged period of time. On the other hand, the electrochemical
measurement provides knowledge of the initial corrosion mechanism and reaction kinetics for

physiologically realistic media [111,143,144].

The corrosion rate of the different composite systems estimated by H» evolution during 14
days under physiological conditions (immersion in SBF at 37 °C) are summarized in Table 12,

Table 12. Degradation rate of produced interpenetrated Mg/CaP composites and their metallic
counterparts estimated by the H, evolution assessment after 2 weeks in SBF at 37 °C.

Material Corrosion rate [mm-year]
Pure Mg 4.24 £0.29
Mg/HA 3.69 +1.67
Mg/CDHA 5.62 +£3.80
Mg-0.2%Ca 2.88£0.18
Mg-0.2%Ca/HA 11.12 +£2.30
Mg-0.2%Ca/CDHA 4.87 +0.53
Mg-1%Zn 1.90 + 0.66
Mg-1%Zn/CDHA 5.90 £ 2.59

In general, the interpenetrated composites had a faster corrosion rate than the Mg-1%2n
and Mg-0.2%Ca alloys, which were in the range of 2-3 mm-year?. Furthermore, the bare alloys
presented almost twice the corrosion resistance of pure Mg, as expected from the difference in the

grain size microstructure [111].

The best interpenetrated composite in terms of its corrosion resistance was found in the
Mg/HA material with an average corrosion rate of 3.69 mm-year™ (estimated by H, evolution test).
On the other hand, the fastest degradation rate was registered for the Mg-0.2%Ca/HA composite
with a degradation rate of above 11 mm-year?, followed by all the composites composed by the
infiltrated CDHA structures. This set of CHDA-based composites exhibited similar corrosion rates

of about 5 mm-year.
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The wide range of the corrosion profile is due to several factors: (1) the grain size of the
metallic phase was increased during the non-controlled solidification during the CAMI process;
(2) the effective surface area of the metallic phase in the interpenetrated composites varied from
sample to sample; and (3) the porosity of the CaP ceramic phase and MgO interface could act as
absorbent channels, allowing the corrosive medium to reach the inner metal phase of the composite,

consequently increasing the corrosion rate values.

The assessment of the Hz production also allowed recognizing the changes in the corrosion
mechanism along the first two weeks under simulated physiological conditions (Figure 33a-c). All
the interpenetrated composites and initial Mg alloys reached a constant corrosion rate after the 5%
day of immersion. This effect is common in Mg alloys due to the passivation of the surface by the
formation of a protective Mg(OH). layer and the deposition of calcium and phosphorus compounds
[110,113,129]. During the second week, the degradation rate got stabilized with only a slight

decrease for all materials.

The role of the porous interface and the ceramic phase in the Mg/CaP composites was also
visible in the corrosion profiles obtained by the H. evolution (Figure 33a-c). In general, the pure
metals started with a lower corrosion rate compared with their interpenetrated composites. Only
the Mg-0.2%Ca/HA composite revealed a slower corrosion rate than the bare Mg-0.2%Ca alloy
did. However, after the first 24 hours, most of the composites reached a certain degree of

passivation, decreasing the H. production to almost half of that at the beginning.

Alternatively, the potentiodynamic polarization test in SBF at room temperature revealed a
similar tendency in the degradation rate of the composites to that in the initial profiles registered
by H. evolution. In the case of pure Mg and its composites, the results revealed that the corrosion
potential (Ecorr) becomes more negative in the following order: Mg/HA < Mg/CDHA < pure Mg.
By contrast, the Mg-0.2%Ca and Mg-1%Zn alloys revealed a less negative Ecor than their
interpenetrated composites with HA and CDHA structures (Figure 33d-e). The higher negative
values in the Ecorr Of the composites compared to the Mg alloys is related to a faster corrosion rate
[145]. This effect is a consequence of the initial reactivity of the materials, which is increased by

the grain size of the metallic phase and the presence of the Mg.Ca intermetallic [55,94,144,146].
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CORROSION PROFILE BY H, EVOLUTION

=
N’

50

[mm-year]

Cco1T

A\

10

o-
A

70 t

Veorr [mm-year']

10

()
S~

30 ¢

[mm-year]

co1T

v

40 |

30

20

i ii

60 T I
H.: : s
§ sof 4 . ®.  o- MgCDHA
E B,
E ol ~, \.%\
E E e
i S I S
0 2 4 6 : v

Time [hours]

.

60 |
50
40
30 |
20

0 2 4 6 8 10 12 14
Time [days]
_ 920 --#- Mg-02%Ca
80 ~@- Mg-0.2%Ca/HA
;} 70t % e Mg-0.2%Ca/CDHA
g
B osof [weng P
=) Gy
e »
= 30 +
20 1 1 1 1 1

4

f e
§ o ==
LRl

8o
S
ﬁriH

s
b
b
TD

o

6 8

%)
=~

Time [days]

20

10

—-#-— Mg-1%Zn
0 Mg-1%Zn/CDHA

_ %ﬁf‘ """ e

=30 §

2 4 6 8 10 12

Time [days]

=
~

E [V vs. Ag/AgCl |

o
'

E [V vs. Ag/AgCl]

=

E [V vs. Ag/AgCl ]

|

L

in
v

16}

'

—

~J
T

|

—_

(=)
T

=
o

o
=

]
o
n

—
o

|
—
-

'
—
[#.<]

]
—
e

o
(=]

-1.5

-1.6

-1.7

-1.8

-1.9

POLARISATION CURVES

Mg/HA
Mg/CDHA
Mg
-6 -5 -4 -3 -2 1
log (j) [A-em?)
Mg-0.2%Ca

Mg-0.2%Ca/HA

Mg-0.2%Ca/CDHA

log (j) [A-cm™]

Mg-1%Zn

Mg-1%Zn/CDHA

log (j) [A'em ]

Figure 33. Corrosion rate profiles calculated from the H, evolution test of: a) pure Mg-based composites;
b) Mg-0.2%Ca-based composites; and ¢) Mg-1%Zn-based composites. Also, characteristic polarization
curves of d) pure Mg-based composites; €) Mg-0.2%Ca-based composites; and f) Mg-1%Zn-based

composites.
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Table 13 summarizes the corrosion potential, corrosion current density (icorr) and corrosion
rate of the different material systems calculated by the Tafel extrapolation of the polarization curves
(Figure 33d-f) and using Faraday’s law (Eq. 10).

Table 13. Corrosion potential, corrosion current density and degradation rate estimated by the Tafel
extrapolation of obtained polarization curves using SBF at room temperature.

. Corrosion potential,  Corrosion current density,  Corrosion rate
Material

Ecorr (V) icorr (MA-cm’) [mm-year™]

Pure Mg -1.89 £0.01 0.216 £0.00 493+0.11
Mg/HA -1.71 £0.05 0.408 = 0.05 9.33+1.17
Mg/CDHA -1.78 £0.05 0.614 +£0.15 12.68 + 2.88
Mg-0.2%Ca -1.66 £0.02 0.371+0.12 8.49 £0.11
Mg-0.2%Ca/HA -1.77 £0.07 0.533+£0.02 12.20 £ 0.52
Mg-0.2%Ca/CDHA -1.78 £0.02 0.524 +0.07 12.00 +£1.70
Mg-1%Zn -1.65 +0.05 0.358 +0.03 8.17 £ 0.68
Mg-1%Zn/CDHA -1.74 £0.01 0.473+0.13 10.80 + 3.09

The corrosion current density provides information about the cathodic reaction during the
Mg corrosion, which is connected to the production of H> [111,145,147]. Lower values of icorr
indicate better corrosion resistance [83,145]. From this point of view, the pure metallic phases
revealed lower corrosion current densities, consequently a higher corrosion resistance in
comparison to the Mg/CaP interpenetrated composites. This can only be explained by the grain

size of the magnesium phase and the presence of the Mg.Ca intermetallic [55,94,144-146].

The corrosion rates estimated by the Tafel extrapolation measurements were almost three
times higher than the values obtained by the H evolution test after 14 days of immersion. This
difference has been previously reported [111,143] and is predominantly influenced by two aspects:
(1) the dissimilarity in the time of testing, i.e. 14 days vs. ~2 min; and (2) the difference in the
exposed surface area to corrode. This second issue is of high relevance, because while surface areas
of around 170 mm? were exposed to corrosion in the H, evolution test, only 19.6 mm? were used
in the potentiodynamic polarization technique. Furthermore, in the potentiodynamic polarization,
the effective area of the metallic phase was easily calculated by means of image analysis and found

to be about 7.5 mm? on average.
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Despite the variance between the methods for the estimation of the corrosion rate in Mg
and its alloys, the combination of them provides a better overview of the degradation resistance of
the produced materials. In this sense, H. evolution divulges how much corrosion occurs in the
course of time, while the potentiodynamic polarization test reveals the mechanism involved in the

corrosion process [144].

Consequently, an analysis of the corroded surfaces after the potentiodynamic polarization
test was carried out in order to investigate the mechanism that governs the corrosion process in the
interpenetrated Mg/CaP composites. In general, all the produced materials exhibited pitting
corrosion (Figure 34). This type of corrosion is one of the most common corrosion mechanisms
for Mg alloys and it is related to chemical composition and microstructural features. Therefore, Mg
and its alloys usually become the anode when there are two components or when two different

grain sizes exist within the same alloy [111,147].

In the case of the interpenetrated Mg/CaP composites, the pitting corrosion was rather a
crevice corrosion (Figure 34), preferentially localised along the interface between the ceramic and
metallic phases and where the amount of the intermetallic phase tended to increase. This effect has
been previously observed for similar interpenetrated Mg/CaP composites based on [3-
TCP+MgO/Zn-Mg and HA+ B-TCP/MgCa, where this process is explained to be due to the

capability of the interface to create a galvanic couple with the ceramic phase [81,82,148].

The degree to which the surface is pitted as shown in Figure 34 is congruent with the
corrosion rates and microstructure of the materials. Thus, Mg alloys revealed small holes compared

with the pure Mg and Mg/CaP composites (all of them with a coarse grain microstructure).

The Mg-0.2%Ca alloy presented a higher concentration of small cavities than the other two
metallic phases; this could be explained by the fine grain microstructure of this alloy, which could
present the effect of previous reports for ZK60 alloys with two different grain sizes, where the
coarse-grain areas are passivated due to their higher open corrosion potential (OCP), while the finer

grain zones (with a lower OCP) are favourably corroded [149].
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interpenetrated composites after the potentiodynamic test in SBF at room temperature.

To sum up, the produced Mg/CaP composites revealed a similar corrosion resistance and
presented an equal corrosion mechanism. In general, the corrosion rate values of the interpenetrated
Mg/CaP composites were slightly higher than the ones found in the literature for similar
interpenetrated composites obtained by an infiltration of HA-TCP scaffolds with Mg-1%Ca alloy,

with an average corrosion rate of about 3.4 mm-year? [51,83].

In spite of the fast corrosion rate in the interpenetrated Mg/CaP composites, they exhibited
better corrosion resistance than the conventional composites based on Mg and Mg alloys with HA
or B-TCP particles and produced by powder metallurgy or stirring casting (see Annex 1). Such
conventional Mg/CaP composites had the drawback of containing free ceramic particles, which
revealed corrosion rates in a wide range of ~1.5-720 mm-year™, depending on heterogeneous
distribution and poor consolidation of the final composite [78,150,151].
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5.2.3.1. CYTOTOXICITY AND CELL VIABILITY OF INTERPENETRATED Mg/CaP
COMPOSITES

The cell viability and cytotoxicity response of the interpenetrated Mg/CaP composites were
evaluated under indirect contact with SAOS-2 human cells, previously seeded and adhered to TCPS
96-well plates. The proliferation of SAOS-2 cells in extracts from Mg samples was evaluated by

counting the number of cellular nuclei, using the image analysis of each well area after 1, 3 and 6
days of testing.

Figure 35 shows the proliferation of SAOS-2 cells from the indirect contact with the bare
Mg, Mg alloys, and the interpenetrated Mg/CaP composites. The pure Mg revealed a constant
number of cells over the time. The Mg-0.2%Ca alloy slightly promoted the cell proliferation after
the 3 day of cell culture while the Mg-1%Zn alloy did not reveal any significant difference in the
cell proliferation over the testing time (Figure 35a).
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Figure 35. SAOS-2-cell proliferation represented as cell count per well. Data are expressed as the mean +
S.D. The significant differences between similar sets of samples at particular time points (Mann-Whitney
U test; p<0.05; n = 8 per each group) are marked by corresponding group legend pattern.
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In the case of the Mg-based composites, the Mg/HA and Mg/CDHA composites had a
similar cell proliferation as the pure Mg phase after 24 hours of cell culture. However, the
interpenetrated composites revealed a significant and equal decrease in the cell proliferation after
the 3@ and 6™ days (Figure 35b).

Similarly, the Mg-0.2%Ca/HA and Mg-0.2%Ca/CDHA composites revealed a decrease in
the cell proliferation after the 3" and 6™ days of the test. Nevertheless, the Mg-0.2%Ca/HA
composite exhibited a slightly better proliferation effect than the Mg-0.2%Ca/CDHA material over
time (Figure 35c). The same behaviour was observed in the Mg-1%2Zn/CDHA composite, where
the proliferation of the SAOS-2 cells gradually decreased after the 3 and 6" days of culture
(Figure 35d).

The decrease in the proliferation is directly connected to the cytotoxic effect of the
materials. Thus, the cytotoxicity of the Mg/CaP composites was estimated by means of the cellular
viability of live SAOS-2 cells after their contact with the Mg/CaP composites for 1, 3 and 6 days
(Figure 36).

In agreement with the cell proliferation results, all the Mg alloys and interpenetrated
Mg/CaP composites exhibited a cytotoxic effect on SAOS-2 cells after 3 and 6 days of cell culture
(Figure 36a-d). During the first day of the assay, the only samples without a cytotoxic effect were
those of the pure Mg and Mg-0.2%Ca alloy (Figure 36a). After the first day of culture, the Mg/HA
and Mg/CDHA composites presented a cell viability similar to the control but with a big variation
(Figure 36b). In general, all the Mg/CaP composites revealed higher cytotoxicity after the 3™ and

6™ days of cell culture in comparison with the bare metallic phases (Figure 36b-d).

Previous studies on the cytocompatibility of AZ91D alloy containing HA particles found a
strong correlation between the cell viability results and the cell culture procedure or type of cells
used in the test [4,83]. Besides that, several Mg alloys have demonstrated good cytocompatibility

and cell adhesion/proliferation under in vitro and in vivo tests [13,51,52,152].

On the other hand, interpenetrated MgCa/HA-TCP composites have revealed a cytotoxicity
effect of grade Il (mild cytotoxicity [153]) on the L-929 and MG-63 cells, with a constant cell
viability of around 60 % during the first 5 days of culture [83]. This grade of cell viability is similar

for the first 72 hours in the here studied interpenetrated Mg/CaP composites. However, after the
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6" day of cell culture, the interpenetrated composites revealed a significant decrease in cell viability

reporting values below the 30 %, which denotes grade Il in cytotoxicity (moderate reactivity of
the material on the SAOS-2 cells), ISO 10993-5:2009 [154]. This cytotoxic effect is explained by
the synergetic effect of high osmolarity and pH that exposes the investigated cells to an osmotic

shock. From this point of view, nearly all Mg-alloy-based materials would be classified as

cytotoxic, as the corrosion of Mg increases the pH between ~9.0-11.5, and at the same time that

alters the ion concentration of the in vitro media [9,83,88,145,155].
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Figure 36. SAOS-2 viability represented as % of untreated control. Data are expressed as the mean £ S.D.
The significant differences between similar sets of samples at particular time points (Mann-Whitney U
test; p<0.05; n = 16 per each group) are marked by corresponding group legend pattern. The significant

difference of a particular group from 100% of untreated control is marked by # (Student T-test, p<0.05; n

= 16 per each group).
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Therefore, the high reactivity of the Mg-based composites makes difficult the in-vitro test
procedures, which, in addition, do not correlate well with the in-vivo data [155,156]. In view of the
above, the indirect in-vitro test can be improved by the use of diluted extracts obtained from the
corrosion of the tested Mg-based materials. For instance, 50% and 10% degrees of extract dilution
significantly improved the cell viability values of interpenetrated MgCa/HA-TCP composites (up
to grade I, slight cytotoxicity) by lowering the effect of a high pH [83].

The same positive results have been reported for the Mg-Zn/B-TCP composites produced
by powder metallurgy, which were found safe for cellular applications with a cytotoxicity below
grade | in the L-929 cells cultured in similar diluted extracts of the corrosion products. Moreover,
this testing methodology agreed better with the good biocompatibility obtained in vivo for bone

tissue and important visceral organs of rabbits [88].

Despite the low viability percentage obtained with the SAOS-2 cells, the activity of alkaline
phosphatase (ALP) was estimated by a commercial colorimetric assay for all the produced
materials. This test was performed in order to measure the quantity of the ALP enzyme because of
its association with bone tissue formation, among other activities in bone and liver diseases [157].
Therefore, a high level of ALP in any material indicates a strong osteoconductivity property; thus,
for example pure Mg and Mg alloys have demonstrated higher ALP activity over other metals such

as titanium, reflecting good biocompatibility that promotes bone regeneration [158,159].

Results from the ALP measurement (Figure 37) did not reveal any significant difference
between the bare metallic phases and the interpenetrated composites at each particular time. All
materials exhibited a significant reduction in the ALP activity after the first day of culture. This

was in accordance with the decrease in cell proliferation exhibited by the produced materials.

Despite the low cell viability revealed by the interpenetrated Mg/CaP composites, in vivo
studies have shown the great potential of Mg-based biomaterials, as is the case of pure Mg and
alloys such as AZ91D, LAE442, Mg-Li-Ca, and MgCaP composites [77,156,159], other studies,

compiled in the Annex 1.
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Figure 37. Alkaline phosphatase activity of SAOS-2. Data are expressed as the mean + S.D. The
significant differences between time points for each sample are shown above each group and time point
(one-way ANOVA,; p<0.05; n = 3 per each group). No significant differences between samples at
particular time points (Mann-Whitney U test; p<0.05; n = 3 per each group) were detected.

To sum up, the ineffective biocompatibility of the manufactured Mg/CaP was mainly
connected to the fast degradation behaviour that the materials revealed, which was accompanied
by the pH increasing up to an average value of 9.5. Still, based on previous results for similar
Mg/CaP composites, these types of materials can find a potential application as degradable
biomaterials for orthopaedics [76,83,88,135,151]. The main issues to be solved with this aim are
the control of the microstructure and also the degradation behaviour, which will enhance the
biocompatibility response in the cells that would be in contact with the materials. In addition, a
better in-vitro test should be established to pair, in a reliable way, with the in-vivo behaviour of

these types of complex materials [4,155,156].
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6. CONCLUSIONS

The existing considerable knowledge of biomaterials for orthopaedics is being continuously
developed and new discoveries are being made in terms of the interaction of such materials with
the human body. Nevertheless, the necessity of innovating temporal bone-regeneration implants
that allow the healing of defective bone tissue and degrade after accomplishing their function must
go hand in hand with satisfying the patients and granting them the best possible treatment. In this
sense, the manufacturing of predesigned composites combining degradable and bioactive

components represents a novel idea in meeting the need for temporary bone fixation implants.

In the thesis, a detailed study on the processing of Mg alloys together with calcium
phosphates has been performed with the aim to evaluate the feasibility of their composites as
temporary bone-healing implants. The design of the Mg/CaP composites was established in an
original way, combining additive manufacturing (robocasting) with a newly introduced metal

infiltration technique in order to produce interpenetrated architectural composite structures.

Porous structures with controlled pore size and designed architectural geometry were
successfully produced by depositing ceramic pastes, following an orthogonal pattern, to build up
cylindrical scaffolds consisting of stoichiometric HA, a-TCP and B-TCP ceramic phase. The
control of the porosity was achieved by conducting a shrinkage study of each material after the
sintering of the green bodies. In general, sintered structures present a bulk shrinkage of about 20 %

without a clear dependence on the chemical composition of the processed CaP ceramic.

The processing of CDHA scaffolds was done by the hydrolysis of a-TCP. The final CDHA
structures strengthened due to the intercrossing of the resulting plate-like microstructure. No
significant change in the nominal pore size of the 3D-printed structures was observed in this type

of ceramic structure.

The CAMI was introduced for the first time and proved to be a novel technique for the
infiltration of ceramic preforms with a molten metal such as Mg and Mg alloys. The CAMI process
allows the manufacturing of interpenetrated composites with different melting points in only a few

minutes and under controlled atmosphere to restrict possible reaction between the phases.
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The combination of the CAMI process with additive manufacturing techniques allows the
production of innovative interpenetrated composites with a diverse organized distribution of the
phases according to the requirements of the final application.

The study proved that using CAMI, the micrometric pores (below ~5 um) in the CaP
preforms were easily infiltrated by the liquid Mg phase. The infiltration success was above 98 %
of the initial porosity of the scaffolds. This was achieved not only due to the infiltration technique
but also because of the chemical affinity between the materials used. In this way, a chemical
reaction between Mg and the CaP ceramics was observed as a reduction process resulting in the
dissolution of the ceramic phase.

A chemical route was proposed for the decomposition reaction of the CaP with the contact
of liquid Mg phase. However, a deeper study in this area has to be carried out prior to a successful
fabrication of Mg/CaP composites for the manufacturing of degradable bioactive materials. The
reduction effect of the Mg on the calcium phosphate ceramics was found to be higher in the
following order: B-TCP > CDHA > stoichiometric HA. Although the Mg/B-TCP composites were
produced by CAMI, the dissolution of the ceramic phase destroyed the majority of the infiltrated

preforms.

Significant differences between Mg/HA and Mg/CDHA interpenetrated composites were
found based on the chemical composition, phase distribution and chemical affinity between the
constituents of the final composites. By way of microstructural characterization the higher
reactivity between Mg and its alloys with CDHA was observed, resulting in a thicker MgO
interface formation compared with the stoichiometric HA composites. The doping of 0.2 wt. % of
Ca did not have any significant effect on the chemical interaction with the CaP structures. On the
other hand, the addition of 1 wt. % of Zn resulted in the thinnest MgO interface, revealing a very

low reactivity of this alloy with the CDHA ceramic phase.

The dissolution of the CaP preforms led to the precipitation of the Mg.Ca intermetallic
phase, which is unfavourable for the mechanical and corrosion resistance properties because of its
brittleness and formation of a galvanic couple with the pure Mg or Mg alloy matrix during the

corrosion process.
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In terms of mechanical properties, the manufactured Mg/CaP composites exhibited the
required mechanical response under compression for its function as substitutes of cancellous and
low-load-bearing cortical bone according to their compressive strength and excellent failure strain
above 10 % of deformation before its mechanical failure. In general, HA-based composites
revealed better performance, exhibiting almost twice the compressive strength of the CDHA-based
composites; which is attributed to: (1) the higher amount of ceramic phase due to its shrinkage after
consolidation; and (2) the thicker MgO interface that forms in a cleavage fracture. No statistical
difference was found to exist between composites manufactured with the same CaP preform,
suggesting that the effect of the MgO interface was not higher than that of the phase distribution.

The resulting microstructure of the metallic phase after the infiltration process consisted of
large crystal grains. This coarse microstructure detrimentally affected not only the mechanical
properties but also the corrosion behaviour.

The evaluation of the corrosion rate of the composites done for both the Hz evolution test
and the Tafel extrapolation of polarization curves was no a trivial task due to the difficulty of
measuring the real surface area of the metallic phase that was exposed to the corrosive medium. In

general, the Mg/CaP composites exhibited a faster corrosion rate than the pure Mg phases did.

The HA-based composites revealed better corrosion resistance compared with their CDHA
counterparts. This was attributed to the microstructure of the ceramic preforms, which in the case
of the CDHA acted as an absorbent of liquid solution (SBF), promoting the corrosion of the metallic

phase even in the inner part of the bulk composite body.

As a product of the fast corrosion, the cytocompatibility evaluation resulted in a low affinity
of the material with SAOS-2 cells due to the increase in the pH. In the proliferation test, the bare
metals revealed a better cytocompatibility response than their composites along the first week of

testing. The production of ALP was also low for all the produced materials.

Finally, despite the cytotoxic response of the interpenetrated Mg/CaP composites, the
development of these types of materials can still have a potential for their application as degradable
biomaterials. This is based on the assumption that the cytocompatibility response can be enhanced
by controlling the microstructure and degradation of the Mg-based phase, maintaining a suitable

mechanical performance for the production of temporal orthopaedic devices.
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SUGGESTED FUTURE WORK

As was observed above, the reactivity between Mg and CaP is an issue that needs to be
studied in more detail. A systematic study varying the chemical composition of the CaP, e.g. the
Ca/P atomic ratio and initial source, could prove the difference in the affinity between these
compounds and determine the effect of the initial characteristics of the calcium phosphate phase

on their reactivity by the interaction with molten Mg and its alloys.

Results in the studied composites showed that the addition of Zn to form Mg-Zn alloys
enhanced the interaction with CaP by decreasing the reactivity between them; in this way, a study
contemplating the presence of Zn in Mg or Zn-based composites represents a highly interesting

case of study for future degradable biomaterials.

The variation in the phase distribution in the interpenetrated composites resulted in different
mechanical properties. Therefore, a systematic study varying the percentage of the phase and
distribution can help to better understand the mechanical properties and fracture mechanism that
can be obtained in the interpenetrated Mg/CaP composites. This study can reveal if the predesign
of interpenetrated composites is feasible before their manufacturing as an attempt at manufacturing

tailored interpenetrated composites.

It is also encouraging to perform a post-processing of the interpenetrated Mg/CaP
composites, such as additional heat treatment or surface modification, which can improve the
corrosion behaviour and, consequently, the biological response. In this direction, an electro-
assisted oxidation applied to forming a protective layer could be one of the options, as well as
controlling the final microstructure of the metal phase. This allows improving the mechanical
properties as has been proved by extruded Mg/HA composites [78] and special melt shearing
technology for the case of Mg/B-TCP [79].
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Annex 1.

Table 1A. Comparison of mechanical properties, degradation rate and biocompatibility reports of biomaterials used in orthopaedics and most of the
studied magnesium/calcium-phosphate composites manufactured by different methodologies.

. Elastic . . .
. Density Yield strength UTS Elongation Corrosion rate . —_—
Material [g-cm™] rr}cgglgél]ﬁ [MPa] [MPa] [%] [mm-year] Biocompatibility Ref.
Cortical bone 1821 323 130-180 oy 1.07-2.1 : : [8,9,160]
o 164-240°¢ ' ’ "
Cancellous bone 1.0-14 0.01-1.57 2-12 1.5-38 - - - [8,160]
Ti alloys, Ti-6Al-4V 4.43 114 760-880 830-1025 12 - - [8,9]
316L stainless steel 8.0 190 200-300 450-650 30-40 - - [8,9]
Co-Cr alloys 8.3-9.2 210-230 450-100 - - - - [8,11]
WE43 Mg alloy, T6 1.84 44 170 220 - - - [160]
. 40-200
Synthetic HA 3.1 73-117 600 100-900 - - - [8,9]
Pure Mg, annealed 1.74 45 90 160 - - - [160]
Mg/ 10 wt. % HA i i ~ 95%
(PIM) 117.3+121 171.6 £ 16.6 6.7+£1.4 1.36 (4d, L929) [51,84]
Mg /20 wt. % HA i ~ 85%
(PIM) 58 105.8+9.8 146.9£11.3 43107 1.38 (4 d, L929) [51,84]
Mg /30 wt. % HA i i ~ 65%
(PIM) 71.7+£78 92.1+10.8 26+05 1.43 (4 d, L929) [51,84]
Mg /40 wt. % HA i ) ) N i
(PIM) 65 68 40.0 [51]
Mg /5 wt. % HA i i ) i i
(Stirring casting) 1223 1ri1 [51]
Mg/ 10 wt. % HA i i ) i i
(Stirring casting) 137.0 146.4 [51]
Mg/ 15 wt. % HA ) ) 129.6 136.7 ] )
(Stirring casting) 147.1°¢ 298.2°¢ 08 [51.161]
~15*
Mg /5 wt. % HA ] . 3 3 )
(PIM Extrusion) 1.714 222 452 18.5 (100 h, PBS sol. [78]
37°C)
WALgHIDILE B0 1.746 219°¢ 415°¢ 17.5¢ e, 78
(P/M Extrusion) ' i ' ( pF B S0 i [78]
37 °C)
Mg /15 wt. % HA 1.749 216°¢ 371°¢ 22.3¢ 100 . PBS 50l 78
(P/M Extrusion) ' i ' ( 37 °0) SOl i [78]
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Continue Table 1A...

. Elastic . . .
. Density Yield strength UTS Elongation Corrosion rate . -
Material ) modulus . Biocompatibilit Ref.
[g-cm?] [GPa] [MPa] [MPa] [%] [mm-year™] P y
8-54.8
Mg/ 1-5 wt.% HA ~1.74- ) ) ) ) o )
(P/M Induction heating) 1.78 (POIZEZ:)“O”’ [85]
ZM61/15wt.% HA 225.5 225.5
(Stirring casting) - - 245.3°¢ 388.3° 0.3 - - [51,161]
Mg/ 10 wt.% HA
(lamellar, P/M) ) BL2EDE - - - ) - !
354.9
Mg-Sn/5wt% HA - 66.6° 196° 278.55°¢ 8.03° (Polarization, ; [150]
(Stirring casting) SBF 35 °C)
~100%
e (2 d, RAW264.7)
0, : ) ~ 0,
AZ91D éng"‘)’t' o HA . 40 264.3 + 10 . ~25 (72 h under cell . dzfﬂse/gs) [4,51]
solution) ~’130%
(3d, HBDC)
Mg-Zn-Zr / 1 wt.% HA 075 Better
nanoparticles - - - - - 20 d in SBF) cytocompatibility [51]
(Stirring casting) than bare alloy
Mg-3Zn-0.5Zr / 0.5 wt.% 7.83
HA - - 255 281 15.4 (24 days in SBF - [163]
(Stirring casting) 37 °C)
6.45
Mg-3Zn-0.52r /1 wt.% HA . . 256 285 18.6 (24 days in SBF : [163]
(Stirring casting) 37 °C)
Mg-3Zn-0.5Zr / 1.5 wt.% 7.12
HA - - 275 302 20.9 (24 days in SBF - [163]
(Stirring casting) 37 °C)
Mg-Zn-Mn / 10-20 wt.% 0.97
HA - ~30-45 - - - (Polarization, - [164]
(P/M-SPS) Ringer Sol.)
0.007-0.113
Mg/ 10 wt.% HA i ~35.52 ) ) ) (P(ilgg_z;aéloon) High relative grow [151]
(P/M-SPS) (H, evolution, rate (72h, L-929)
SBF)
1.671
AZ91/10 Wt.% FA i 34.1 116.5°¢ ~125 5.78 (Ringer Sol. : [51,165]
(P/M) 37 °C)
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Continue Table 1A ...

. Elastic . . .
. Density Yield strength UTS Elongation Corrosion rate . -
Material [g-cm™] m[cgl I;J;l]Js [MPal] [MPa] [9%] [mm-year] Biocompatibility Ref.
AZ91 /20 Wt.% FA 0.052
: - 375 123.2¢ ~130 5.32 (Ringer Sol. 37 - [51,165]
(P/M) °C)
0.008
AZ91 730 Wit.% FA - 423 112.4¢ ~120 451 (Ringer Sol. 37 - [51,165]
(P/M) °C)
ZK60/ 10 wt.% CPPp ) . ~215 ~230 ) . g ] G
(PIM) ~230° ~470° 3%/ °C) ,
0.002
ZK60 /20 wt.% CPPp ~210 ~220 .
(PIM) - 39 ~230¢ 494 88° - (10 dg;/solg) SBF - [51,166]
ZK60 /30 t.% CPPp ] 28 ~195 ~200 ] i g ] G
(PIM) ~230¢ ~470¢ gt 0) ’
ZK60/2.5wt.% CPPp - ~ ) ) )
(P/M) - 43 265 285 [76,167]
ZK60 /5 wt.% CPPp
PIM) . 47 319.5 337.4 - - - [76,167]
Mg-3Zn-0.8Zr / 0.5-1.5 -
wt.% B-TCP - - - ~260-280 ~15.0 (Polarization, - [80]
(Stirring casting) SBF 37 °C) o
rade ~0-1
13.52 -
Mg-6Zn / 5 wt.% B-TCP 1.862 36 i 345¢ i (Polarization, cytotoxicity, L-929 [88]
(P/M) SBE 37 °C) Good in-vivo
biocompatibility
15.04 Grade ~0-1
- o - . .. _
Mg-6Zn / (1£/KV/It) Yo B-TCP 1.904 24 - 339¢ - (Polarization, cytgtgécljc;g,v::/c? 29 [88]
SBF 37°C) biocompatibility
17 56 Grade ~0-1
Mg-6Zn/ (llslltv/lt)% B-TCP 1.943 21 - 284°¢ - (Polarization, cytgtggac;;yf,v:;(? 4 [88]
SEF T ) biocompatibility
High cell adhesion
Mg/ 10-20 wt.% B-TCP i i 70-101° ~220-250¢  ~6.5-12° . Bone marrow derived 145 og)

(P/M-SPS)

mesenchymal stem

cells (BMSCs)
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Continue Table 1A ...

Material

Density
[g-cm?]

Elastic
modulus
[GPa]

Yield strength
[MPa]

uUTS
[MPa]

Elongation
[%0] [mm-year™]

Corrosion rate

Biocompatibility/ cell
viability

Ref.

Mg-3Zn-1Ca /1 wt.% B-
TCP
(Stir-Shear casting)
Mg-3Zn-0.8Zr / 1 wt.% B-
TCP-MgO
(Stir-Shear casting)

Mg-2Zn-0.5Ca /1 wt.% B-
TCP

Mg-1wt.%Ca / 87% porous
HA-TCP
(Liquid infiltration)
Mg-3Zn-1Mn / 92% porous
B-TCP
(Liquid infiltration —
vacuum casting)
Mg-1Ca / 92% porous f-
TCP
(Liquid infiltration)
Mg-1Ca / 92% porous 65p-
TCP-35HA
(Liquid infiltration)
Mg-1Ca / 92% porous 40p-
TCP-60HA
(Liquid infiltration)
Mg-1Ca / 92% porous HA
(Liquid infiltration)
Mg-5Sn / 90% porous
60B-TCP-40HA
(Liquid infiltration)
AZ91 / 75% porous HA
(Liquid infiltration —
squeeze casting)

453 %3

1254 +£2

295.58

150 £3

346.11

128.7£15.1°

140+ 20°¢

147 £13°

130 £17°

110+ 22°¢

68 £25°¢

176°¢

~108.2°¢

2.85£0.2 -

10.0 -

~12.5
- (14 d, SBF 37
OC)
~3.4
(20 d, Hank’s
Sol. 37 °C)

13.5+£0.7°¢

~10.0°¢ >

Cytocompatible
(Rat osteoblast, 7d)

100 % corrosion extract
showed ~55 %
(5d, L-929 and MG63 )

[79]

[168]

[146]

[51,83]

[135]

[81,82]

[82]

(82]

(82]

[136]

[137]

*Value taken from graphs presented in the publication

¢ values obtained by compression
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Annex 2. X-ray diffraction patterns and characteristic microstructure of processed Mg-alloys

Mg-Ca alloys Mg-Zn alloys
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Annex 3. Conventional simulated body fluid preparation

Table 2A. Reagents, their purities and amounts for preparing 1000 mL of the c-SBF

Reagent Purity [%6] Amount
NaCl >99.5 8.036 g
NaHCO3 >995 0.352 g
Na2CO3 >099.5 —

KCI >99.5 0.225¢g
K2HPO4 - 3H20 >99.0 0.230¢
MgCI2 - 6H20 >98.0 0.311g

1.0 M HCI — 40.0 mL
CaCl2 >95.0 0.293 ¢
Na2S04 >99.0 0.072 g
TRIS >99.9 6.063 g

1.0 M HCI — ~0.2 mL

Reagents are listed in sequence of dissolution
TRIS = tris(hydroxylmethyl)aminomethane
The final solution is buffered at pH 7.40 at 36.5 °C with TRIS and 1.0 M HCI aqueous solution
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LIST OF ABBREVIATIONS

AAB061
ALP
Ar
BGs
Ca
CAIS
CAMI
CaP
CDHA
CPP
CRH
CRp
c-SBF
DIW
DMEM
DR

E

Ecorr

€

EDX
EU
FBS
FGM's
Gd

Ho

HA

lcorr

ICSD

\]COFF

Mg

Aluminium alloy 6061

Alkaline phosphatase

Argon

Bioglasses

Calcium

Current-Assisted Infiltration Sintering
Current-Assisted Metal Infiltration
Calcium phosphate(s)
Calcium-deficient hydroxyapatite
Calcium pyrophosphate, CaP207
Corrosion rate from hydrogen evolution
Corrosion rate from the polarization test
Conventional simulated body fluid
Direct Ink writing

Dulbecco’s Modified Eagle's Medium
Degradation rate

Young’s modulus

Corrosion potential

elongation (strain)

Energy dispersive X-ray SPECTROSCOPY

European Union

Foetal bovine serum

Functional graded materials
Gadolinium

Hydrogen

Hydroxyapatite

Corrosion current density

Inorganic Crystal Structure Database
Corrosion current density

Magnesium
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Mg/CaP
MMCs

PBS
pNP
SBF
SEM
SFs
Si
SiC
Sol.
SPS
Sr
TCP
TCPS
us
UTS
vol. %
wt. %
XRD

YS

Zn

Zr
a-TCP
a-TCP
B-TCP
uCT

Omax

Oy

Magnesium - Calcium phosphate composites
Metal matrix composites

Phosphorus

Phosphate buffer solution

p-Nitrophenol

Simulated body fluid

Scanning electron microscopy

Sulphur hexafluoride

Silicon

Silicon carbide

Solution

Spark plasma sintering

Strontium

Tricalcium phosphate

Tissue culture-grade polystyrene
American dollars

Ultimate tensile strength

Volume percent

Weight percent

X-ray diffraction

Ytrium

Yield strength

Zinc

Zirconium

Alpha prima tricalcium phosphate, hexagonal
Alpha tricalcium phosphate, monoclinic
Beta tricalcium phosphate, rhombohedral
X-ray micro computed tomography

Compressive strength

Compressive yield strength
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