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A B S T R A C T

This work presents an in-depth comparison of the microstructural origins of high strength and high wear re-
sistance in the Al0.2Co1.5CrFeNi1.5Ti high-entropy alloy produced by powder metallurgy (PM) and casting.

The PM alloy microstructure is composed almost exclusively of fine-grained FCC phase with minor, in-situ
formed TiC particles. The latter is responsible for a grain-boundary pinning effect and, consequently, the high-
hardness of 712 HV was achieved allied with excellent flexural strength (2018 MPa) and elastic modulus of
258 GPa. Its wear properties surpass those of the wear-resistant AISI 52100 steel under 1.2 N load. Despite the
high strength properties of PM alloy, a ductile fracture behaviour was retained.

In contrast, the cast alloy is composed of a coarse-grained dendritic microstructure of FCC matrix containing a
complex of intermetallic phases. Its tribological properties are superior to traditional AISI 52100 steel under all
sliding conditions, exhibiting the best results among all tested materials. However, its elastic modulus (210 GPa)
and flexural strength (1101 MPa), at a comparable hardness level (682 HV), were significantly lower when
compared to the PM counterpart. This stems from the intrinsic brittleness of the cast material, a consequence of
its complex microstructure, exhibiting pure cleavage-type fracture in several areas of the fracture surface.

1. Introduction

High-entropy alloys (HEAs), also known as multi-principal element
alloys, have attracted significant interest in the materials science
community in the past few years [1–3] due to their distinctive prop-
erties resulting from the novelty of their design concept. HEAs comprise
at least five elements with near equiatomic compositions without a
prominent base element, distinguishing them from the conventional
alloying approach, which typically involves a single-base element with
the addition of small proportions of other constituents [4–6].

The metallurgical approach to HEA design is to stabilize the dis-
ordered phase, thereby suppressing the formation of ordered inter-
metallics by maximizing the configurational entropy. Indeed, this
strategy has been shown to produce stable single-phase solid solution
face-centered-cubic (FCC) and body-centered-cubic (BCC) alloys [7–9].
However, the majority of HEAs studied so far have been proven to form

intermetallic phases in specific conditions. These include the cases
when the alloy contains elements with great differences in atomic ra-
dius and large negative enthalpies of mixing [8,10–12].

To date, HEAs have demonstrated promising potential for industrial
applications due to some of their unique properties, such as an inter-
esting combination of high strength and good ductility [13–16], even at
cryogenic temperatures [17], as well as high-temperature strength
[18,19], high wear resistance [20], high thermal stability [21,22], good
corrosion resistance [23], etc.

Among the superior wear-resistant HEAs, the AlCoCrFeNiTi com-
position and its variants—particularly Al0.2Co1.5CrFeNi1.5Ti—emerge
as interesting choices, as they have been reported to possess excellent
wear properties allied with high hardness [20,24].

HEAs are generally fabricated by casting. Nonetheless, casting is
subject to processing problems that may be detrimental for the final
material. Since the alloys comprise multiple elements, they may suffer
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from selective evaporation of elements with intrinsic low-melting
temperatures or segregation of elements with high-melting points
during the melting. Furthermore, as-cast HEAs usually possess coarse
dendritic structures with precipitation of brittle intermetallic phases
[1,10,25].

Alternatively, powder metallurgy (PM) has been proven to be a
reliable and low-cost method capable of relatively easy and efficient
production of a varied range of advanced materials, including HEAs
[26–29]. Compared to casting, PM requires lower temperatures for
processing since it can be realized through solid-state sintering.

The selection of the processing methods is a critical factor influen-
cing the microstructure, phase formation and its kinetics, as well as
mechanical and tribological properties of any material. That said, the
final properties and, therefore, suitability to different applications can
be greatly affected and may be tailored by fine-tuning of a selected
production technique.

Somewhat surprisingly, to the best of our knowledge, for HEAs, only
a single study comparing the consequences of the selection of the
manufacturing routes has been reported so far [28], where the differ-
ences in mechanical behaviour and strengthening mechanisms of a HEA
are described.

In this light, this work presents a unique comparison of the
Al0.2Co1.5CrFeNi1.5Ti produced by two different manufacturing routes,
powder metallurgy and casting. A comprehensive evaluation of the
influence of the two processing methods on the alloy's bending strength,
wear-resistance and hardness were performed for the first time in a
single study using identical experimental conditions, supported by an
extensive microstructural characterization to understand the phe-
nomena underlying the mechanical and tribological behaviours. The
microstructures were characterized by a combination of X-ray diffrac-
tion (XRD), transmission electron microscopy (TEM), and electron
backscattered diffraction (EBSD) supported by phase predictions using
the CALPHAD approach.

2. Materials and methods

2.1. Preparation of samples

The PM alloy was prepared by high-energy ball milling of feedstock
powders and subsequent spark plasma sintering. Elemental powders of
Al, Co, Cr, Fe, Ni and Ti (99.5 wt% purity, Sigma Aldrich) mixed in
Al0.2Co1.5CrFeNi1.5Ti stoichiometric ratio were processed by mechan-
ical alloying in a Fritsch Pulverisette 6 planetary ball mill. The milling
was carried out under high-purity nitrogen atmosphere (99.9999%) in a
sealed bowl, containing hardened bearing steel balls (AISI 52100 –
SUJ2) of 15 mm diameter in a 10:1 ball-to-powder weight ratio (BPR).
The milling was conducted with a milling speed of 300 RPM for a total
5 h, comprising of five cycles of 60 min of milling and 30 min idle time.
Wet milling in toluene for additional 30 min was necessary in order to
remove the powder stuck to the milling balls surfaces.

The milled powders were then consolidated by spark plasma sin-
tering technology (Thermal Technology LLC 10-4, USA) using a gra-
phite die with an inner diameter of 30 mm, in vacuum atmosphere at a
constant pressure of 30 MPa. The following densification scheme was
used: 100 °C·min−1 heating rate from RT up to 1000 °C with a 15 min
dwell time at 550 °C to remove any organic compounds potentially
present. Subsequently, 50 °C·min−1 rate was used from 1000 °C up to
1100 °C with the final 10 min dwell time at 1100 °C. After densification,
the electric current of the SPS machine was turned off and the sample
was spontaneously cooled down to room temperature in a fast rate.

In order to compare the effect of different manufacturing routes in
terms of microstructural, chemical and mechanical features of both
materials, the Al0.2Co1.5CrFeNi1.5Ti alloy was also prepared by vacuum
induction melting from elemental constituents with purities higher than
99.5 wt%. The ingot was cast under argon atmosphere.

From the bulk materials, samples for microstructural observations

were prepared by hot mounting in polymeric resin and mechanically
ground with SiC abrasive papers down to #2400 grit. The samples were
then polished using 3 μm and 1 μm diamond paste. The last step of
sample preparation was mechano-chemical polishing using Struers OPS
suspension.

The samples for flexural strength determination had dimensions of
3 × 4 × 18 mm3 and were manufactured by electric discharge ma-
chining (EDM). To decrease the influence of surface roughness on the
measured values, the samples were polished to mirror finish. The
4 × 18 mm2 face of these samples corresponded to the direction per-
pendicular to the SPS pressing direction for PM HEA.

For wear testing, samples of both PM and Cast HEA were machined
to dimensions of 5 × 5 × 28 mm3 and successively ground with #250-
2000 grit SiC papers, followed by polishing with 3 mm and 1 mm
diamond paste using a linen disc.

2.2. Microstructural and chemical characterization

X-ray diffraction analysis (XRD) of the materials phase composition
was carried out using Philips X'Pert Pro diffractometer operated at
40 kV voltage with the current of 30 mA. A continuous scanning was
performed with 2θ between 30° and 100° using a speed of 0.02°·min−1

and a step size of 0.0167°. The radiation used was Cu-Kα with
λ = 1.54056 Å.

Thin foil specimens were prepared for TEM (Jeol 2200FS) ob-
servation of the microstructure by Focused Ion Beam (FIB) micro-
machining inside ZEISS Auriga SEM chamber.

The scanning electron microscope (SEM) characterization of the
materials was performed using ZEISS Ultra Plus FEG microscope in
secondary (SE) and backscattered electrons (BSE) modes. Electron
backscattered diffraction (EBSD) mapping and energy-dispersive X-ray
analysis (EDS) were used for the evaluation of grain structure/lattices
and chemical composition, respectively. For EBSD measurements, the
reference direction for inverse pole figures (IPF) was perpendicular to
the SPS pressing direction as a texture was most likely to be formed
along this direction. The presented values of grain sizes and volume
fractions of respective phases have been calculated as an average of
measurements from three randomly selected areas. Image J software
(NIH, USA) has been used for residual porosity calculation from the
obtained images.

Calculation of phase diagrams (CALPHAD) were performed using
ThermoCalc software version 2019a (TCHEA3 database version 3.1).

2.3. Mechanical and tribological properties characterization

Vickers hardness measurements were carried out following ISO
6507 standard using LM 247AT microhardness tester under the load of
0.2 kg and dwell time of 10 s. The individual results for the materials in
their as-produced states represent an average of at least 15 measure-
ments and the error is the standard deviation. For the materials after
tribological tests, hardness measurements were taken using Vickers
indenter with 0.2 kg load, on the same surface of the test in a per-
pendicular direction to the worn track. The results for each material are
taken from at least five perpendicular lines to the track containing 15
measurements and the error is the standard deviation.

Nanoindentation testing was performed in order to calculate the
elastic modulus of the materials according to Oliver & Pharr method
[30]. CSM Instruments NHT2 nanoindentation tester equipped with a
Berkovich diamond indenter was used at acquisition rate of 10 Hz,
maximum load of 100 mN, loading and unloading rates of 200
mN·min−1, and dwell time of 10 s. Averages taken from at least 30
indents for each sample are presented, where the error is the standard
deviation of the measurements.

Flexural strength (Rmo) determination was performed using three-
point bending jig of Zwick Z020 universal tensile test machine, with the
loading span of 18 mm and a crosshead speed of 1 mm·min−1. Four

L. Moravcikova-Gouvea, et al. Materials Characterization 159 (2020) 110046

2



specimens were used for each material and the results were taken as an
average of the measurements. The calculated error represents the
standard deviation.

The wear testing was done on the commercial UMT TriboLab trib-
ometer using the reciprocal ball-on-plate scheme. During testing, the
samples performed a reciprocating movement under dry sliding con-
ditions, while a 9.51 mm-diameter bearing steel (AISI 52100 – SUJ2)
counterpart ball was fixed stationary on the top of the plate under an
applied normal load. As a reference material, a high-speed bearing steel
(AISI 52100 – SUJ2) bar was chosen due to its exceptional mechanical
properties in terms of wear, and also to facilitate a direct comparison
with a previous study on cast high-entropy alloys [20]. As a second
reference material, as-cast Inconel 713 was used due to its crystal-
lographic similarity to the presented PM-HEA alloy (FCC matrix with
dispersed coherent precipitates). The reference materials and the HEAs
were tested under identical conditions.

The used parameters of the wear testing were normal loads of 1.2 N
and 5 N, stroke length of 10 mm, stroke frequency of 2 Hz and test
duration of 30 min (corresponding to a total sliding distance of 36 m).
The friction force was monitored and recorded in-situ, while the spe-
cific wear rates of the studied materials were quantified according to
the Archard's model equation [31]:

=Specific wear rate wear volume
load distance

( ) , (1)

where the wear volume was calculated as the product of the worn cross-
sectional area measured with the optical profilometer Contour GT, and
the total sliding distance.

The maximum contact pressure pmax under the selected load was
calculated according to the Hertzian contact stress theory for spheres in
contact with flat surface, which gives a description of the stress within
mating parts following the model's equation [32]:

=p FE
R
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where F is the applied normal force, R is the radius of the sphere and E*
relates the elastic moduli of the ball (E1) and the tested materials (E2)
and its respective Poisson ratios (ϑ1,ϑ2) according to:
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The corresponding coefficients of friction (COF) were calculated as a
ratio between the applied normal and friction forces and their re-
spective errors are the standard deviation of the measurement.

3. Results and discussion

3.1. Phase prediction – CALPHAD

To discuss the experimental findings of this study, thermodynamic
calculation of phase diagrams (CALPHAD) for Al0.2Co1.5CrFeNi1.5Ti
(stoichiometric ratio) high-entropy alloy were computed. The diagram
is shown in Fig. 1a. The alloy designed in this study possesses 3.2 at.%
Al (denoted by the red arrow in Fig. 1a).

Due to the large negative enthalpy of mixing for Al-containing
HEAs, intermetallics are more likely to be formed, leading to a multi-
phase structure in which the relative volumes of FCC and BCC phases
are strongly dependent on the cooling rates [33]. The high molar ratios
of Co and Ni, known as being efficient FCC formers, guarantee that FCC
remains the dominant phase. The FCC matrix renders more workability
to the alloy, while, at the same time, the presence of intermetallics
ensures preserving a high strength in the material. This can be further
improved by precipitation hardening, a process used in some Ni-base
superalloys [34].

For this alloy, the predicted melting temperature is approximately

1150 °C. Between temperatures (T) 1150 °C and approximately 1135 °C,
nucleation of the B2 phase should occur. For temperatures (T) between
1135 °C < T < 1125 °C, nucleation of the FCC phase starts. For the
temperature range 1125 °C < T < 800 °C, concurrent nucleation and
growth of BCC, FCC and L12 should take place. Further temperature
reduction induces the subsequent formation of sigma and Laves phases.
This corresponds to the phase formation sequence predicted for the cast
alloy.

As compared to the cast material, the preparation of PM alloy
consisted of heating the solid powders with already homogenous che-
mical composition to 1100 °C sintering temperature, short dwell time
and relatively rapid cooling. In accordance with the thermodynamic
prediction, FCC solid solution, ordered FCC L12 and BCC were experi-
mentally observed in the powder metallurgy (PM) HEA (later confirmed
by TEM), in which the solid-state sintering took place at 1100 °C.
Despite the predicted liquid phase present at 1100 °C, no melting was
observed during sintering. This could be a consequence of short sin-
tering time and high pressure which may increase the melting tem-
perature. The phase composition formed at 1100 °C was then retained
to room temperature due to relatively rapid cooling after sintering,
preventing nucleation and growth of Laves and sigma (σ) precipitates.
As seen in Fig. 1b, the temperature of the first stable equilibrium oc-
currence of sigma (σ) phase of this particular alloy during cooling is
883 °C. However, our sintering temperature was carried out in a rapid
heating rate of 100 °C·min−1 up to 1000 °C, and then slowed down to
50 °C·min−1 up to the final temperature of 1100 °C, followed by a re-
latively rapid cooling after the sintering.

Due to the short processing times (fast heating and cooling), the
nucleation of sigma (σ) phase in the PM alloy was avoided; in other
words, the time spent in the temperature range at which effective dif-
fusion would allow for sigma phase nucleation and growth was not
sufficiently long.

This is in accordance with other studies: the kinetics of nucleation of
the sigma phase was observed to be extremely slow in HEAs [35],
particularly in FCC ones containing Ni. The reason is that nickel acts as
a strong stabilizer of the FCC solid solution, suppressing the formation
of the Cr-rich σ phase. In fact, the σ phase was shown to be formed in
the CrMnFeCoNix alloy only after annealing at 700–900 °C for
>1000 h.

Similarly, the temperature for formation of Laves phase during
cooling is about 793 °C. Therefore, the formation of Laves phase did not
take place as well. On the other hand, the nucleation of ordered FCC L12
phase took place due to the slower heating rate (50 °C·min−1) from
1000 °C up to the maximum temperature of 1100 °C.

The thermodynamic calculation was also in good agreement with
the phases detected in the Cast HEA: FCC disordered, BCC, Laves and σ.
The latter two phases most likely precipitated during cooling at tem-
peratures below 800 °C. The ordered FCC L12 might either not have
formed in the structure or may not have been detected in the alloy due
to having content below the detection threshold of the techniques used
for phase analysis (XRD + EBSD). It should be noted that the occur-
rence of a certain segregation is expected in the cast alloy due to liquid-
solid transformation. On the other hand, segregation effects are com-
pletely omitted in PM HEA due to solid-phase processing.

It should be pointed out that some discrepancies between calcula-
tions and experiments may always arise due to the real nature of the
materials' experimental conditions—as they may be in a state close to
equilibrium but may also contain metastable phases. The phase dia-
grams are essentially calculated for a thermodynamic equilibrium state
characterized by a global minimum of Gibbs energy [36]. Experimen-
tally, this could only be reached by extremely slow cooling conditions
or prolonged annealing times [37]. On the other hand, our experi-
mental materials were cooled rapidly, avoiding the formation of some
phases.
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3.2. Microstructural characterization

The XRD pattern analyses of the two Al0.2Co1.5CrFeNi1.5Ti alloys
produced by powder metallurgy and casting are provided in Fig. 2.
After mechanical alloying and SPS densification, the PM HEA (Fig. 2)
comprises a major FCC solid solution matrix with lattice parameter of
3.58 Å. The volume fraction of the matrix was estimated to be 89.3%.
The peaks of the second most dominant phase were attributed to TiC
with lattice parameter a = 4.30 Å and 8.0% in volume fraction. Ad-
ditional peaks in the pattern conforming to the remaining 2.7% fraction
of the microstructure correspond to a BCC phase with lattice constant
a = 2.93 Å.

The patterns for the cast alloy show the formation of a more com-
plex multi-phase microstructure (Fig. 2), as compared to the PM HEA,
with FCC solid solution again as the predominant phase. Additionally,
Laves, sigma and BCC phases were detected. The FCC solid solution
matrix in the Cast HEA possess a lattice parameter of 3.63 Å and 47.8%
volume fraction.

The second most dominant phase in the Cast HEA is the inter-
metallic Laves phase with lattice parameters a = 4.79 Å and c = 7.79 Å
and a 30.8% calculated volume fraction. Moreover, a sigma phase was

present with lattice constants a = 8.88 Å and c = 4.57 Å and a fraction
of 11.5%. Importantly, Laves and sigma phases were not present in PM
HEA. The remaining volumetric fraction of 10.1% is attributed to BCC
with lattice constant a = 2.93 Å, i.e., same as in PM HEA.

The peaks for TiC were detected only for the PM HEA, demon-
strating that carbide formation is thermodynamically favourable during
the powder milling process due to the nature of the technique, as pre-
viously reported in [38]. As carbon was not initially present in the
feedstock powders, the decomposition of the toluene used as a milling
agent for preparing powders for PM HEA should be regarded as its
source. Consequently, an in-situ reaction of carbon and titanium took
place, owing to their having the highest chemical affinity among the
used elements.

The lattice constants of the alloys were determined by XRD and by
selected area electron diffraction patterns (SAEDP) from TEM analysis
(Table 1). A lattice-parameters comparison of the respective phases of
each alloy indicates that they possess analogous FCC matrices and BCC
phase in common.

The microstructure of the PM alloy is presented in Fig. 3 (FCC
matrix and its features) and Fig. 4 (BCC and carbides). The FCC solid
solution matrix can be seen in Fig. 3a, combined with its respective
SAEDP (Fig. 3b) along the [011] zone axis, confirming the lattice
constant as a = 3.61 Å, i.e., in good agreement with the XRD results
(Table 1). The EDX point analysis indicates a matrix rich in Fe, Ni and

Fig. 1. CALPHAD calculations for the studied HEA. a) AlxCo1.5CrFeNi1.5Ti calculated phase diagram in the range from 2.0 < x < 3.6. The investigated alloy
composition (x = 3.2%) is marked with the red arrow. b) Property diagram of Al0.2Co1.5CrFeNi1.5Ti as mole fraction of all phases vs. temperature. (For interpretation
of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 2. XRD patterns and phase composition of PM HEA after the SPS densifi-
cation (blue – PM) and Cast HEA (orange – Cast). (For interpretation of the
references to color in this figure legend, the reader is referred to the web ver-
sion of this article.)

Table 1
Comparison of lattice parameters of PM and Cast HEA measured by XRD and
selected area electron diffraction (SAEDP). The volume fractions of each phase
are exhibited in bold.

aXRD cXRD aSAED cSAED Vol%

PM HEA [Å]
FCC matrix 3.58 3.58 3.61 3.61 89.3
TiC 4.30 4.30 4.38 4.38 8.0
BCC 2.93 2.93 2.95 2.95 2.7

Cast HEA [Å]
FCC matrix 3.63 3.63 3.67 3.67 47.8
Laves 4.79 7.79 4.75 7.73 30.8
Sigma (σ) 8.88 4.57 8.82 4.61 11.5
BCC 2.93 2.93 2.92 2.92 10.1
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Co (Table 2).
Annealing twins have been observed within the FCC matrix (Fig. 3c)

and further confirmed by SAEDP (Fig. 3d). The additional spots of the
SAEDP correspond to patterns simulated for FCC twins with 60° mis-
orientation to the matrix. The twins are represented by blue dots
through the reflection planes on the 〈011〉 direction by 70.53° [39,40].

The occurrence of such annealing twins formed due to the high-
temperature exposure of the material during SPS points out to the low
stacking fault energy (SFE) of the FCC matrix, as the twinning boundary
represents a long stacking fault (analogous to FCC austenitic steels
[41]). The annealing twins are generated during recrystallization of the

mechanically alloyed powder microstructures [28,42] at the sintering
temperature.

The presence of nano-sized coherent precipitates within the FCC
matrix in the PM alloy is documented in Fig. 3e and confirmed by the
SAED patterns along the zone axis [011] in Fig. 3f. The coherent or-
dered FCC phase is represented by a simulation of the supercell re-
flections (yellow dots) surrounding the reflection of the FCC matrix (red
dot) in Fig. 3g inset. The supercell has a lattice constant about five times
larger than the matrix. The coherent precipitates should correspond to
Ni3Ti precipitates with L12-type ordered lattice structure, as predicted
by CALPHAD (Fig. 1).

Fig. 3. Bright-field TEM image of the Al0.2Co1.5CrFeNi1.5Ti PM HEA on the left side and SAED patterns of the respective phases on the right side. a) FCC matrix. b)
SAEDP along the [011] zone axis. c) Twin boundary representation within the FCC matrix. d) SAEDP of a twin - the red dots are a simulation of the corresponding
planes along the zone axis [011]. The blue dots are the representation of twins through reflection planes. e) Nano-precipitates coherent with FCC matrix. f) SAEDP of
the FCC matrix showing coherent precipitates along zone axis [011]. A schematic simulation of the pattern of FCC matrix is represented by red dots. g) Coherent
ordered FCC phase represented by yellow dots surrounding the reflection from the FCC matrix (red dot). (For interpretation of the references to color in this figure
legend, the reader is referred to the web version of this article.)

Fig. 4. Bright-field TEM image of Al0.2Co1.5CrFeNi1.5Ti PM HEA on the left side and SAEDP of the respective phase on the right side. a) Dispersed TiC within the
matrix. b) SAEDP from PM HEA of TiC along [011] zone axis. c) Representation of BCC phase. d) SAEDP from PM HEA along [−111] zone axis of BCC.
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Nano-sized coherent precipitates were formed by precipitation from
the FCC matrix while cooling after sintering. The mentioned pre-
cipitation phenomena can be related to the coherent L12 phase forma-
tion (γ′) in the matrix, which may eventually be transformed to η-phase
as previously reported on similar HEAs [26,43], forming a γ/γ′ re-
lationship with the matrix. This phenomenon is analogous to one ob-
served in traditional Ni-base superalloys.

The globular TiC particles formed in-situ during milling are char-
acterized in Fig. 4a and Fig. 4b. The SAEDP along the [011] zone axis
shows an ordered FCC structure with lattice parameter a = 4.38 Å,
corroborating the a = 4.30 Å values obtained by XRD (Table 1). The
TiC structure was first reported in [44], in which the lattice constant
was found to be smaller, a = 3.32 Å, according to the Inorganic Crystal
Structure Database (ICSD) collection code 44494. The EDX point ana-
lysis has confirmed that the phase is Ti-rich (Table 2). This was further
supported by the mapping presented in the supplementary material Fig.
S1, clearly showing globular-like areas rich in Ti.

The minor BCC phase (2.7 vol% fraction) in the PM alloy is shown in
Fig. 4c and its respective SAEDP along the [−111] zone axis is shown
in Fig. 4d with the calculated lattice parameter of a = 2.95 Å com-
parable to the results extracted from XRD (Table 1). The phase is rich in
Ni, Co and Ti (Table 2 and an additional EDX map provided in the
supplementary material Fig. S2).

The microstructures of the Cast HEA variant and their respective
SAEDPs are presented in Fig. 5 (patterns of the major FCC and Laves
phases) and Fig. 6 (minor phases: σ and BCC).

Fig. 5a shows typical microstructural features of the cast alloy, in
which the FCC matrix surrounded by elongated needle-like Laves and σ
phases, and very fine dispersed globular BCC precipitates can be ob-
served.

The SAED patterns of the FCC matrix along [−110] zone axis in the
Cast HEA are displayed in Fig. 5b. The phase is (Fe, Ni, Co)-rich and
with a calculated lattice parameter a = 3.67 Å, confirming the values
from XRD peaks (Table 1).

The Laves phase was only present in the cast alloy and is depicted in
Fig. 5c. Its SAEDP along the [11–20] zone axis is shown in Fig. 5d. The
lattice constant for this topologically close-packed (TCP) phase was
calculated to be a = 4.75 Å and c = 7.73 Å, in accordance with the
XRD results, a = 4.79 Å and c = 7.79 Å, presented in Table 1. The
phase is rich in Co, Ni and Ti corresponding to a ratio (Co, Ni)2Ti, as
shown in Table 2 and confirmed by EDX maps of the corresponding
areas marked by red arrows in supplementary material Fig. S3.

The σ phase (11.5 at.%) found only in the Cast HEA is denoted by
the green arrow in Fig. 6a. Its SAEDP together with the simulated
pattern along the [100] zone axis for the phase depicted in Fig. 6b have
lattice constants a = 8.82 Å and c = 4.61 Å. Similar results were ob-
tained by XRD diffraction peaks (Table 1). This phase is rich in Cr, Co
and Fe (Table 2). The EDX maps (Fig. S3 supplementary material) also
show the presence of the same elements in the indicated areas per-
taining to the σ phase, as marked by the blue arrows. In HEAs, Cr has
been repeatedly reported to promote the formation of the σ phase,

particularly in the presence of Fe, Co, and Ni [45].
The minor BCC phase (10.1 at.%) also present in the Cast HEA is

depicted in Fig. 6c, marked with the blue arrow. Its lattice constant was
measured by SAEDP (Fig. 6d) along the [111] zone axis, showing
a = 2.92 Å, i.e., matching the equivalent result of a = 2.93 Å found by
XRD, and the same BCC minor phase as in the PM counterpart (Table 1).
The similarities between the BCC phase in the PM and cast alloys are
also evidenced by the analogous chemical compositions shown in
Table 2, both being Ni-, Co- and Ti-rich.

The PM and Cast HEAs possess identical overall chemical compo-
sitions, as established by area EDX TEM mapping (Table 2), matching
the Al0.2Co1.5CrFeNi1.5Ti stoichiometric ratio. Both the PM and cast
FCC matrices are Fe-, Ni- and Co-rich (Table 2). The difference in the
chemical composition of both alloys lies in the Ti partitioning. In the
cast alloy, the FCC matrix phase is rich in Ti, while in the PM alloy, Ti is
depleted. In the PM HEA, Ti reacted with C to form TiC, thereby de-
pleting the FCC matrix of Ti. These said, the differences in micro-
structures must be solely a result of different processing routes and
temperature profiles. Furthermore, the TEM results for both PM and
Cast HEAs are in good agreement with the calculated phase diagram
computed by CALPHAD and XRD.

For quantitative evaluation of the microstructure, EBSD analyses
have been performed, with results concerning the phase distribution,
orientation and grain sizes of the PM and cast alloys presented in Figs. 7
and 8, respectively.

With the SPS-process, full density fine-grained samples can be
produced, even at relatively short sintering periods (10 min). The PM
alloy possesses a distribution of fine nano-sized grains of both FCC and
TiC (Fig. 7a, c, d). The average grain sizes of the FCC matrix and TiC are
0.42 μm and 0.40 μm, respectively. The fine grain size is attributed to
the high thermal stability of the TiC particles, which prevented grain
growth of the FCC matrix by grain boundary pinning and a consequence
of the SPS rapid densification (short sintering time) of the severely
plastically deformed (i.e., grain refined) mechanically alloyed powders.

One can perceive the random orientation of both FCC and TiC grains
despite the uniaxial pressing during the SPS of the PM alloy, as any type
of preferential crystallographic texture cannot be detected in Fig. 7b.
Due to EBSD resolution constraints, the BCC phase is not visible.

In contrast to the PM alloy, the cast alloy presents a much larger
average grain size distribution (Fig. 8a, c). The quantitative analysis of
the FCC matrix and Laves phases shows that their average grain size is
42.8 μm and 5.4 μm, respectively.

The large-sized grains of the cast alloy essentially show one pre-
ferential crystallographic orientation due to dendritic solidification
(Fig. 8a). Due to the heterogeneous nucleation, the dendrites crystalize
in specific directions of heat dissipation at the ingot mould sides, a
phenomenon seen often in metallic castings. Consequently, the FCC
phase has a very strong orientation texture (Fig. 8b), as opposed to the
essentially texture-free PM alloy. The same strong crystallographic or-
ientation applies to the Laves phase.

The white regions in the EBSD maps correspond to non-indexed
areas that were impossible to resolve accurately due to the resolution
threshold of the method. They may possibly correspond to a mixture of
nano-sized phases already identified in the TEM images (namely σ,
BCC, or the needle-like nano-sized Laves phase, documented in Fig. 6a).

In an overall comparison of the PM and Cast HEAs microstructures,
combining mechanical alloying and SPS seems to deliver better results
than casting, even considering the presence of carbide particles. The PM
process produced a significantly more refined, uniform and chemically
homogenous microstructure essentially without preferential orientation
and porosity. To obtain a comparably uniform microstructure, the Cast
HEA would have to be subjected to additional procedures (homo-
genization combined with hot working or cold working). However,
such methods would further complicate the materials' processing due to
the needed plastic deformation (change of shape) and would un-
necessarily increase the cost of production. Additionally, the hot and

Table 2
Comparison of the EDX chemical composition of the PM and cast alloys. The
main elements of each phase are emphasized in bold.

Chemical composition [at.%]

Phase FCC matrix BCC TiC Laves σ phase Map sum spectrum

Alloy PM Cast PM Cast PM Cast Cast PM Cast

Al 9.2 7.4 4.1 7.0 0.5 1.3 5.4 3.8 3.3
Ti 3.6 16.8 19.3 23.5 92.6 28.0 7.1 15.4 15.0
Cr 10.1 15.4 3.7 4.4 1.4 1.2 28.2 14.5 14.5
Fe 20.3 17.1 9.8 10.9 2.2 1.9 24.1 15.8 16.1
Co 28.1 24.4 31.2 25.8 1.8 21.4 20.2 24.4 24.4
Ni 28.6 19.1 32.0 28.5 1.5 46.2 14.9 26.1 26.7
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cold workability of this Cast HEA with such a significant volume of
brittle TCP phases is questionable.

3.3. Mechanical properties

3.3.1. Hardness and bending strength
The results of mechanical characterization by means of hardness

and bending testing are presented in Table 3. The hardness values ob-
tained by Vickers test for PM and Cast HEAs were found to be
712 ± 3 HV and 682 ± 10 HV, respectively. The elastic modulus E of
each material was measured by nanoindentation test. The results show
that the PM HEA possesses E modulus of 258 ± 10 GPa, while the cast
counterpart shows ~22% lower value of E = 210 ± 10 GPa. The
slightly higher PM HEA E modulus can be attributed to the presence of
very stiff TiC, which possesses alone an E modulus = 400 GPa [46];
therefore, contributing for the overall E of the material.

The bending strength (Rmo) of the PM material was exceptionally
high, with values exceeding 2 GPa (averaging 2018 ± 65 MPa). These

values are almost double compared to the Cast HEA, which has an
average Rmo of 1101 ± 42 MPa.

The reasons for the great differences in mechanical response be-
tween both materials are primarily explained by their particular mi-
crostructural characteristics. Except for TiC formation in the PM alloy,
no significant inclusions, segregation of elements or porosity were de-
tected in both alloys, suggesting these do not play a role in the me-
chanical properties (cf. Figs. S7 and S8 – supplementary material).

The better mechanical properties of PM HEA stem from the ad-
vantages of a more uniform microstructure. Additionally, the re-
markably high strength is attributed to Hall-Petch strengthening. PM
HEA exhibits a much smaller grain size in all phases, with nanosized
grains (0.42 μm) of the FCC matrix holding 89.3% of the total volume
and additional TiC particles pinning the grain boundaries.

On the other hand, the cast alloy's mechanical performance was
inferior to the PM HEA, due to a much more heterogeneous micro-
structure. Even though the cast alloy's larger FCC matrix grains
(42.8 μm) should be more ductile (compared to the nano-grained PM

Fig. 5. Bright-field TEM image of the Al0.2Co1.5CrFeNi1.5Ti Cast HEA on the left side and SAEDP of the respective phase on the right side. a) Representative
microstructure showing all phases present in the alloy. b) SAEDP of the FCC matrix along [−110] zone axis. c) Needle-like Laves phase. d) SAEDP of the Laves phase
along [11–20] zone axis.
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HEA), a brittle behaviour was observed. This is caused by a high volume
fraction of brittle σ and Laves phases (52.4%) in the Cast HEA, pos-
sessing very brittle TCP crystal structures combined with minor BCC
nanoparticles - which in turn have a significant detrimental effect on
the mechanical response.

Neither material showed any significant plastic strain, i.e., their
failure occurred immediately after the initial elastic loading. In the case
of PM, this occurred due to its extremely high strength and therefore
insufficient plasticity, while, for the cast counterpart, due to the in-
trinsic brittleness caused by intermetallic phases.

The results of the fractographic analysis of the ruptured bending test
specimens are presented in Fig. 9.

The morphology of the fracture surface of the PM alloy is a mixture
of ductile and brittle fracture mechanisms. The presence of very fine
and shallow ductile dimples, shown in Fig. 9a, is attributed to the small
grain size of the ductile FCC matrix present in a high volume fraction.

No visible inclusions or other particles were detected inside the

dimples, suggesting a strong metallurgical bonding of the TiC particles
with the matrix (Fig. 9b). The absence of particles inside the dimples
suggests that, most likely, the crack initiated and propagated by ductile
tearing inside the FCC matrix, forming a dimple-like surface mor-
phology formed by adjacent microvoid coalescence [47].

Considering that no significant ductility was present during the
bending, the fracture possesses a transgranular character and should be
referred to as brittle in nature, frequently called low-energy tearing
[47,48], despite the presence of ductile dimples. The fracture surface
contains ridges retracting towards the fracture initiation site as shown
in Fig. 9c, a morphology typical for brittle fracture behaviour.

The lack of macroscopic ductility for the PM HEA might be ex-
plained by the severely strengthened microstructure. Nano-grains are a
consequence of the high strains that the material was subjected to
during its milling in powder state, followed by incomplete re-
crystallization during the sintering processing times. The grains were
further pinned by an in-situ formation of the TiC particles. This effect is

Fig. 6. Bright-field TEM image of the Al0.2Co1.5CrFeNi1.5Ti Cast HEA on the left side and SAED patterns of the denoted phase on the right side. a) Representative TEM
image showing Laves, σ and BCC phases. b) SAEDP of σ phase along [100] zone axis. c) Typical microstructure for needle-like Laves and BCC phases. d) SAEDP of BCC
along [111] zone axis.
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common for high-strength alloys, where dislocation motion is severely
restricted [49,50], even though ductile fracture by microvoid coales-
cence with ductile dimples of various sizes occurs.

Compared to PM HEA, the Cast HEA manifested a considerably
pronounced brittle nature of the fracture surface morphology, with
comparably larger cleavage facets corresponding to brittle phases
cracking (Fig. 9d). The green arrow shows a typical total cleavage se-
paration of a brittle phase. Some of the brittle facets are surrounded by
ductile fracture of the FCC matrix (Fig. 9e), in which the deformation
creates a ductile bridge between the facets, preceding the fracture by
cleavage.

The yellow arrows in Fig. 9d point to the formation of cleavage steps
in the crack propagation along different crystallographic planes for
dissipation of deformation energy. This is a consequence of the presence
of different nano-sized particles within the matrix, interacting with the
crack tip and changing the cleavage step mechanism.

The cast material does not exhibit a major initiation site (Fig. 9f) but
rather evidences multiple initiation sites from the surface. A typical
initiation site is marked in yellow. The existence of a high volume
fraction of brittle secondary phases (52.4% of the total volume calcu-
lated from XRD patterns) is responsible for the exceptionally brittle
character of the Cast HEA fracture.

3.3.2. Wear tests
The specific wear rates of the PM and Cast HEAs were compared

with the reference AISI 52100 (conventional wear-resistant steel) and
Inconel 713. The latter possesses a microstructure similar to that of PM
HEA, containing fine coherent precipitates dispersed within the FCC

matrix. The results are shown in Fig. 10.
The corresponding values of the worn volumes, as well as the

average coefficients of friction (COF) recorded in-situ, are provided in
Table 4. The variations in the specific wear rates are directionally
proportional to the worn volume of material and inversely proportional
to the force applied; both values will, therefore, be provided.

Among all tested materials, the Cast HEA had the best performance
under both loading conditions, possessing specific wear rates of
1.6 × 10−8 mm2·N−1 for 1.2 N (corresponding to a worn volume of
material of 0.71 μm3 and COF = 0.67 ± 0.11) and
2.5 × 10−8 mm2·N−1 for 5 N (a worn volume of 1.07 μm3 and
COF = 0.67 ± 0.04). The maximum contact pressures between the
sphere and the flat surface were calculated to be 0.51 GPa and
0.83 GPa, respectively. Surprisingly, in comparison with the tradition-
ally used wear-resistant AISI 52100, the performance of the Cast HEA
was remarkably higher, achieving a specific wear rate ten times lower
than AISI 52100.

The PM HEA exhibited results slightly superior to the traditional
AISI 52100 under 1.2 N load, as its specific wear rate was found to be
7.5 × 10−8 mm2·N−1 and COF = 0.74 ± 0.08. The worn volume was
calculated to be 3.25 μm3, i.e., about 4.6 times higher than the worn
volume of its cast counterpart.

Under higher loads, the PM material seems to become more fragile.
The contact pressures under the two loads were calculated to be
0.55 GPa and 0.88 GPa, respectively, i.e., values similar to the ones
encountered for the Cast HEA. Above 0.55 GPa, the microstructure can
no longer withstand higher loads and the wear rate substantially in-
creases from 7.5 × 10−8 mm2·N−1 up to 1.1 × 10−6 mm2·N−1, a value

Fig. 7. Representative SEM EBSD analysis of the PM HEA. a) Inverse pole figure showing grain orientation maps with reference direction perpendicular to the SPS
compaction direction denoted as Z in the image. b) Pole figures of FCC and TiC phases. c) Phase map showing distribution of TiC in FCC matrix. d) Grain size
distribution of respective phases with average grain size and volume fraction.
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almost 15 times higher. Consequently, the corresponding wear volume
exhibited a significant increase to 48.57 μm3. The respective COF
equals 0.60 ± 0.04, i.e., lower than that at 1.2 N load.

In general, both PM and Cast HEAs showed very good wear re-
sistance under a 1.2 N load, superior to the commercially available AISI
52100 or Inconel 713 materials.

The overall morphology of the wear surface for both PM and cast
alloys can be seen in Fig. 11. Three-dimensional optical profilometry
images of the worn tracks show the individual grooves and plastic de-
formation. Those features represent broken adhesive junctions on the
worn surface.

The deep grooves on the surfaces could be associated with delami-
nation wear [51,52] that originates from severe plastic deformation in
the contact of asperities. The resulting plastic shear strain is accumu-
lated in the subsurface layer, and when it reaches a certain value, cracks
are formed and material is removed in the form of flake-like particles.

There are significant differences in the wear rate between the PM
and the Cast HEA (already revealed in Fig. 10). As shown in Fig. 11,
especially at higher load, the wear track of the PM HEA is much more

deeply grooved and the adhesive material transfer process is more
evident. In contrast, the wear track is much narrower. This indicates
very severe adhesive wear in a smaller area due to the significant ma-
terial transfer in the initial point contact.

EDX analysis on the worn surface features of broken adhesive
junctions (provided in supplementary material – Figs. S2, S3 and Table
S1.) reveals a high content of iron oxides, which, together with the test
conditions, indicates a mild-oxidational wear regime [51]. A relatively
high Fe content suggests that the material partially originates from the
counterpart ball.

Important variations in friction response for each material may be
triggered by large differences in microstructures; average grain sizes
and distribution; phase composition and respective volume fractions
caused by dissimilar states of preparation, even though they possess the
same overall chemical composition (Table 2).

PM HEA exhibited a nano-sized distribution of 89.3 vol% of FCC
matrix and 8.0 vol% of evenly dispersed hard TiC particles, in-situ
formed during the mechanical milling (Fig. S8), as characterized by
TEM in Fig. 4a and EBSD in Fig. 7. These hard particles may have a
substantial effect on the tribological properties of the material, as the
PM alloy acts as a metal matrix composite, enhancing the wear re-
sistance of the material to some extent. This fact possibly contributes
for the enhanced results when subjected to 1.2 N load compared to
those of the AISI 52100. This is in accordance with other studies sug-
gesting that some metal-matrix composites may have improved re-
sponse over traditional wear-resistant steels when subjected to specific
conditions [53–56].

Since the wear process under 1.2 N with PM HEA is realized in much

Fig. 8. Representative SEM EBSD analysis of the Cast HEA. a) Inverse pole figure orientation map with reference direction Z denoted in the image. b) Pole figures of
FCC and Laves phases. c) Phase map showing distribution of Laves in FCC matrix. d) Grain size distribution of respective phases with average grain size and volume
fraction.

Table 3
Average hardness, elastic modulus and flexural strength for the PM and Cast
HEAs.

Hardness [HV] E [GPa] Rmo [MPa]

Cast 682 ± 10 210 ± 10 1101 ± 42
PM 712 ± 3 258 ± 10 2018 ± 65
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smaller contact area as compared to the Cast HEA while the COFs are
similar, much higher flash temperature is expected. Higher temperature
could further facilitate the formation of adhesive bonds.

Under higher loads, the tribological performance of the PM alloy

decreases. It is assumed that, when the load is increased to 5 N, mi-
crocracks are initiated on the very hard TiC particles (revealed in the
supplementary material - Fig. S4). They can block the motion of mobile
dislocations during shearing, thus, leading to early crack nucleation and
propagation and more severe delamination wear. These microcracks
essentially lead to inferior results in wear properties at 5 N load.

The combined effect of higher stress intensity (compared to 1.2 N
load) and cracking regions leads to wear rate increase in the PM alloy,
in agreement with other studies evidencing identical effect upon the
same wear conditions for PM alloys [57]. In contrast, there is no evi-
dence of microcracking regions in the Cast HEA even when subjected to
high load (as can be observed in Fig. S4 of the supplementary material).

Additionally, since the PM alloy is mostly composed of FCC struc-
ture, dislocation slip is facilitated due to lower friction stress compared
to, e.g. BCC or other type of structures; i.e. it facilitates the material

Fig. 9. SEM micrographs of fracture surfaces of Al0.2Co1.5CrFeNi1.5Ti bending specimens. a) Typical PM HEA fracture surface morphology with fine ductile dimples.
b) Enlarged view of the area denoted by yellow rectangle showing typical fine ductile dimples. c) PM HEA fracture surface overview with crack initiation site denoted
by yellow arrow. d) Typical Cast HEA fracture surface possessing predominantly brittle morphology. Brittle cleavage facets denoted by the green arrow and steps by
yellow ones. e) Enlarged view of the area denoted by the yellow rectangle showing typical cleavage separation and river patterns. f) Cast HEA: fracture surface
overview. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 10. Specific wear rates of the cast and the PM HEAs in comparison with
reference materials (AISI 52100 and Inconel 713) under different load condi-
tions, 1.2 N and 5 N.

Table 4
Total worn volume of each material and corresponding coefficients of friction
under 1.2 N and 5 N loads.

Material Worn volume [μm3] COF

1.2 N 5 N 1.2 N 5 N

Cast HEA 0.71 1.07 0.67 ± 0.11 0.66 ± 0.04
PM HEA 3.25 48.57 0.74 ± 0.08 0.60 ± 0.04
AISI 52100 5.7 11.85 0.80 ± 0.04 0.67 ± 0.07
Inconel 713 25.96 134.47 0.81 ± 0.05 0.74 ± 0.04
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deposition in form of adhesive wear [58]. Furthermore, the ductile FCC
phase is more susceptible to forming adhesive bonds, i.e. the material
with the highest amount of FCC has a stronger tendency to wear at
certain conditions.

Both PM and cast alloys are full density samples (99.9% density).
Figs. S7 and S8 of the supplementary material reveal the absence of
porosity. Therefore, porosity should not be a factor influencing the
tribological properties.

Cast HEA exhibits only a negligible amount of non-metallic inclu-
sions typically seen in cast materials. This was characterized by SEM/

EDX analysis and shown in Fig. S8. These should not influence the
tribological properties of the Cast HEA, as these impurities are not even
detected by XRD technique (Fig. 2).

The enhanced wear of the Cast HEA may be especially attributed to
the exceptionally hard coarse precipitates of the TCP phases corre-
sponding to a 42.6 vol%, such as Laves phases or, additionally, large
mixed areas of Laves, σ, and BCC phases (present in Fig. 8) within the
47.8 vol% of FCC matrix. The material possesses only about half of the
volume of the FCC phase compared to PM HEA, therefore reducing the
tendency for adhesive wear. Moreover, the coarse brittle phases in the

Fig. 11. Three-dimensional wear track profiles of the Cast HEA, PM HEA, AISI 52100 and Inconel 713 formed under 1.2 N and 5 N load forces. Note that the colored
scales actually refer to different values in μm (limitation of the software).
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Cast HEA serve as barriers to delamination wear.
Up to some extent, local strain hardening caused by plastic de-

formation might play a role on the tribological properties of the Cast
HEA, as coarse-grained microstructures have sufficient space for dis-
location glide [28]. This is evidenced by the hardness of the Cast HEA
worn surface, which increases after the wear test (hardness profiles are
exhibited in Fig. 12 for 5 N load). This effect might contribute for the
improved wear resistance of the part. In contrast, nanoscale FCC grains
present in PM HEA have very limited space for dislocation glide; con-
sequently, no local strain hardening was observed after the wear test,
thus exhibiting an inferior performance in comparison with the Cast
HEA.

The combination of the aforementioned features leads the Cast HEA
to perform exceptionally better than any other under both loading
conditions, considering the particular differences between the two
states.

As can be seen in Fig. 13, PM HEA possesses an interesting combi-
nation of low specific wear rate under 1.2 N load and high flexural
strength allied with high hardness. The PM HEA is superior in terms of
mechanical bending strength, presenting a strength increase of ~80%,
relative to its cast counterpart, while retaining an identical wear rate at
1.2 N. The results of PM HEA's flexural strength are still superior to
traditional tool steels such as AISI 52100 [59], AISI A681 O1 [60] and
AISI M2 [20,61]. Increasing the load to 5 N during the wear test causes
a significant reduction in its wear properties, whereas the Cast HEA
wear rate remains relatively unchanged, maintaining its enhanced

tribological properties.

4. Conclusions

In this study, Al0.2Co1.5CrFeNi1.5Ti high-entropy alloy was produced
by two different routes, powder metallurgy (PM) and casting. Owing to
differences in the processing, the two alloys differed in a number of
qualities, as evaluated through their microstructural features, as well as
mechanical and tribological properties. The main outcomes of this in-
vestigation can be summarized as follows:

• The manufacturing routes, particularly the processing conditions
(such as cold-working by mechanical alloying, temperatures and
cooling rates) play an essential role in dictating the final micro-
structural features, significantly influencing the mechanical and
tribological properties of the two alloys.
• The PM route has an inherent tendency to form in-situ carbides
during mechanical milling. The main reason is the addition of
carbon-based process control agents which are essential for the
process. As such, the PM alloy exhibited a uniform, fine-grained
microstructure composed almost solely of a nano-sized FCC matrix
(89%) with evenly dispersed nano-sized TiC particles (8%, formed
in-situ during the mechanical milling), a minor BCC phase and,
additionally, intra-granular nano-sized coherent precipitates in an
γ/γ′ relationship with the matrix. This microstructure is analogous
to that of some nickel-based superalloys.
• In contrast, the Cast HEA exhibited a coarse-grained microstructure
containing 48% FCC matrix, 10% BCC phase and a 42% mixture of
hard intermetallic phases (needle-shaped Laves and σ). Forming the
ordered phases is a consequence of the large negative enthalpy,
triggering a segregation process during cooling. Both micro-
structures are in good agreement with the predicted phases obtained
by CALPHAD calculation.
• The PM alloy exhibited a remarkable flexural strength
Rmo = 2018 MPa, elastic modulus E = 258 GPa, and hardness
712 HV. These values were far superior to the cast counterpart
(1101 MPa, 210 GPa, 682 HV), which was most likely deteriorated
by the high content of unavoidable brittle phases. Surprisingly, in
contrast to the strength values, the PM alloy manifested an un-
expected ductile fracture behaviour, potentially a consequence of
the ductile nature of the FCC phase and a strong TiC particle-matrix
interface.
• At low loads, the PM alloy showed wear resistance surpassing that of
the conventional wear-resistant tool steel AISI 52100 or Inconel
713. Unfortunately, the wear resistance significantly decreased
under an increasing load. Despite the rather weaker mechanical
properties, the cast alloy exhibited the best wear properties among
all tested materials at both tested loads.
• Mild-oxidational wear is the predominant tribological regime for
both PM and Cast HEAs. The adhesive wear tendency of Cast HEA is
hindered to some extent, since the volume fraction of the disordered
FCC phase is about one-half relative to its PM counterpart, as ductile
FCC phase is more inclined to form adhesive bonds. Additionally,
the hard TCP phases present in Cast HEA serve as barriers to dela-
mination wear, thus the enhanced wear resistance may be ex-
plained.
• In the overall comparison, the PM process is better suited for pro-
ducing mechanically resistant, fine-grained HEAs with very homo-
genous microstructures and enhanced wear resistance. On the other
hand, casting is better suited for manufacturing wear-resistant HEAs
for applications where their intrinsic brittleness is not an issue.
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